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SUMMARY:

It has been observed that post weld heat treatments designed to reduce or
remove residual welding stresses,may cause weld metal embrittlement. In
this investigation, the effects of post weld heat treatment on three
high strength submerged arc weld metals were examined in terms of changes
in mechanical properties, principally fracture toughness. Metallo-
graphic work was carried out to determine the cause of erbrittlement.
Post weld heat treatment was performed in the 450 to 650°C temperature
range for times up to 50 hours and embrittlement was measured in terms
of Charpy, COD and J contour integral tests. It was found that each
weld metal could be embrittled and that two distinct forms of émbrit-
tlement occurred. The first was due to alloy carbide precipitation
which promoted trans-granular cleavage. Vanadium at 0.12% could cause
severe embrittlement whiie molybdenum at up to 0.6% did not. The

second form of enb;ittleméﬁt was classical temper embrittlement which
caused low energy decohesion along prior austenite grl'ain boundaries.
This was caused by the migration of phosphorus to these boundaries
during heat treatment and bulk phosphorus concentratias of 0.011%

could cause severe enbrittlement. Embrittlement occurred in the 450 to
550°C temperature range and increased with time and decreasing cooling
rate. Martensitic microstructures were more susceptible than acicular
ferrite. Defect tolecrance calculations based on COD and J determin-
ations showed that defect tolerance could increase after heat treatment
despite-embrittlement although the final defect tolerance was strongly
dependent on residual stress levels remaining ﬁfter heat treatment.
Heat treatment procedures for the three weld metals examined were
sugpested, along with general guidelines for the post weld heat treat-

ment of other high strength weld metals.
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CHAPTER 1 - INTRODUCTION



There is a considerable economic incentive for ‘design engineers to use
steels with‘a higher yield strength because they reduce the amount of
material required for a given structure. In static structures, such
as bridges, the weight saving reduces material costs, while in trans-
portation applications,weight saved by lowering structural weight can
be used to increase payloads. This economic advantage has fostered
the development of higher strength steels over the last few decades,
but full benefit can only be achieved if they are readily weldable.
Experience has shown that welding problems tend to increase with
increasing yield strengths and considerable research effort has been
devoted to overcoming probleﬁs such as heat affected zone (HAZ)
cracking, weld metal cracking and low HAZ and weld metal toughness.
Development has now reached a stage where quenched and tempered steels
with yield strengths up to 800 MN/m2 (130,000 psi) can be readily
welded, the weld metals exhibiting matching strength and adequate
toughness. Thus,welded quenched and tempered plate has been success-
fully used in bridges, storage tanks, penstocks, pressure vessels,
earth moving equipment and naval applications such as surface ships

and submarine hulls.

A current limitation on the use of these materials is that post weld
heat treatment may cause a reduction in properties in the welded

ﬂoint, principally in terms of weld metal embrittlement and reheat
cracking in the parent plate heat affected zone; It is for these
reasons that these weldments are often put into service in the as welded
condition (1). Post weld heat treatment has traditionally been .-
employed to improve fracture resistance of welded mild and carbon
manganese steel structures. The possibility of embrittlement has

meanf that the advantages of heat treatment cannot be applied to

quenched and tempered steel weldments without some uncertainty about
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the final fracture resistance of the structure.

The aims of a post weld heat treatment operation can be listed as
follows:
1. The removal or reduction of residual stresses.

2. The removal of residual hydrogen to reduce the risk of HAZ and

weld metal cold cracking. =
3. The elimination of strain ageing.

4, The tempering of hardened microstructures in the HAZ.

bost weld heat treatment is principally applied to pressure vessels
and structures containing thick weldments likely to be operating at
high design stresses where failure could cause catastrophic damage to
people or property. The principal requirement in this context is the
removal of residual stresses since these are considered to be of
yield point magnitude and therefore increase the risk of fracture
from weld defects when working stresses are sumperimposed on the res-
idual stress field. During post weld heat treatment, these stresses

are relaxed by plastic flow in the highly stressed areas.

The benefit of removing residual stresses on the defect tolerance of
a structure, and hence the benefit of heat treatment, can be illus-
trated by considering the Welding Institute crack opening displace-
ment (COD) design equation (2). This equation is used to predict
the maximum crack size that will not propogate at a given stress
level when the fracture toughness parameter of a material is known.

For cracks in an as deposited main seam, the critical crack size is

given by:
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3 = 6, E

Qu(dw + 0.75 cy) _

a - critical crack dominant dimension
Gc - COD at fracture

E - Young's modulus

Uy - weld metal yield stress

o, - working stress. 'O.SUY { o, ( Uy

This equation assumes that residual stresses of yield point magnit-
ude are present. If the seam is free from residual stresses, the
equation reduces to:
§ E
. c -
211(0w - 0.250y)

a

If a working stress of O.TSUy is assumed, and the weld metal is not
embrittled.i.e. §, remains constant, the critical crack size in the
residual stress free seam is three times greater than in the as dep-

osited seam and the benefit of post weld heat treatment is apparent.

There are numerous codes of practice, principally applicable to
pressure vessels, which specify post weld heat treatment (3, 4, 5).
The exact requirements vary depending on the service conditions and
the material used. For carbon manganese steels, BS1515 Part 1
specifies 'a treatment temperature in the range 580 - 620°C to be held
for 1 hour per 25mm. of thickness, while for a 1iCr - 3Mo steel, the
temperafure range is 620 - 660°C for a minimum of 2 hours. The
higher strength steels now being used for pressure vessels are

usually supplied in a normalized and tempered, or quenched and



tempered condition and the maximum treatment temperature is specified

such that the plate tempering temperature is not exceeded.

When high strength steel weldments are heat treated, problems such as
HAZ cracking, HAZ embrittlement and weld metal embrittlement have been
encountered. The possibility of weld metal embrittlement is extremely
serious because the attainment of high as deposited toughness has

been a major consideration in the development of weld metals suitable
for quenched and tempered steels. Work at the Welding Institute has
indicated that post weld heat treatment can embrittle mild steel weld
metals and it is considered that the problem could equally apply to
low alloy high strength weld metals, particularly in view of the pos-
sibility of temper embrittlement occurring, and the need for further

research in this area has been highlighted, (6, 45).

A survey of the literature on weld metal embrittlement indicates that
precipitation of alloy carbides is thought responsible, particularly
those of vanadium, molybdenum and niobium. While teﬁper embrittle-
ment is admitted as a possibility, there appears to be only one
specific identification of this form of embrittlement during a stress
relieving post weld heat treatment operation. Examination of the
literature also shows that the toughness after post weld heat treat-
ment is related to the as deposited microstructure, and that
embrittling tendencies due to carbide precipitation may be more than
offset by the simultaneous degeneration of other cleavage initiating

microstructural constituents. (7).

The aim of this investigation is to examine the effects of post weld

heat treatment on three representative commercially available weld



metals. The weld metals selected have been specifically designed to
weld HY80, HY100 and HY130 quenched and tempered steels and as

these steels span a strength range from 550 to S00 HNImz, the compat-
ible weld metals represent a suitable cross section of high strength
ferritic weld metals.- The welding wire - pareat plate combinations,

along with the minimum required yield strength,can be listed as

follows:
Bostrand 3L - HY80 - 550 MN/m> (80,000 psi)
Linde 120 - HYl00 - 690 MN/m2 (100,000 psi)
AX140 - HY130 - 900 MN/m? (130,000 psi)

The compositions of the welding wires, parent plates and weld metals
are listed in Table 1. All weld metals were deposited using the
submerged arc process with a low heat input (1.2KJ/mm) and using a

fully basic flux, OP41TT.

The literature indicates that Bostrand 31 is embrittled by post weld
heat treatment and this has been attributed to the precipitation of
vanadium carbide. Embrittlement of AX140 has also been noted but

no attempts were made to identify the cause of embrittlement.

In this investigation, embrittlement in the three weld metals is
investigated in the 450 to 650°¢ temperature range for times up to
50 hours using Charpy and crack opening displacement (COD) tests to
quantify embrittlement. The form of embrittlement is exaﬁlned
using scanning and transmission electron microscopy along.with.
other more conventional optical techniques. The results of the
work are discussed in terms of the form of embrittlement, the
effects of the principal post weld heat treatment variables,and

resulting defect tolerance levels. Specific recommendations for



the post weld heat treatment of the three weld metals are made along

with broader based guidelines for other high strength weld metals.



CHAPTER 2 - L'ITERATURE SURVEY



2.1 Ceneral intro@uction

As embrittlement of weld metals is caused by changes occurring in the
as deposited microstructure during the heat treatment operation, it

is initially necessary to review the compositional and microstructural
features that control as aeposited toughness. The first section of
the literature survey is devoted to this topic while embrittlement
mechanisms are reviewed in the second section. Because embrittle-
ment is defined as a decrease in fracture toughness, the fracture
toughness of the weld metals needs to be meaningfully establisﬁed,

and the third section of the literature survey is devoted to a dis-
cussion of currently available fracture toughness testing techniques

and their relation to design against fracture.

2.2 As deposited weld metal microstructures

2.2.1 Solidification structure

The main difference between weld metal microstructures and those of
wrought material is that weld metal is in the "as cast" condition,
whereas wrought structures are the result of interactions between
mechanical deformation and thermal processing. Weld metal micro-
structures are therefore more closely linked to those of castings
where characteristic solidification structures are visibie, even

though there are subsequent microstructural transformations.

A ferrous wald metal solidifies as either delta farrite or austenite,
depending on the final carbon content of the weld metal after.the -+~
usually higher carbon plate material has been diluted by the lower

carbon welding wire. The-growth mode in low alloy weld metals is
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cellular and normal.to the maximum thermal gradient. There is no
specific nucleation event at the fusion interface but rather epitaxial
growth from grains in the HAZ of the parent plate. (8). The columnar
grains grow in the easy growth direction, <MM$ and as this growth
is normal to the maximum thermal gradient, cnly favourably oriented
grains in the HAZ grow. As growth proceads, thé columnar grainé con-
verge, with those grains whose easy growth direction is closest to
the maximum thermal gradient surviving. The final solidification
structure consists of columnar grains growing radially inward from
the fusion interface until they converge at the weld centre. ‘Each
columnar grain is composed of similarly oriented pencil shaped

cells. (9). The cells tend to be oriented with their 1ongifudinal

{100) parallel but with no radial texturing. .

If the weld has solidified as delta ferrite,then subsequent trans-
formation to austenite may cause some original columnar solidifica-
tion boundaries to be incorporated into a new grain. This has been
observed when solute sensitive etches have indicated segregated
impurities apparently in the centre of austenite grains. (8). The
overall appearance of the solidification structure remains unaiterad

however,
2.2:2 Transformation structures

The final transformation productz resulting from the decombosition_
of austenite are complex and depend on the hardenability of the weld
metal and the cooling rate. Pro-eutectoid ferrite nucleatg§ at .
prior austenite grain boundaries and, depending on the alloying con=

tent of the weld metal, may thicken or act as a nucleant for . .



parallel ferrite side plates, the classical upper bainite. (9). The
enriched austenite between the plates may degenerate to carbides and

ferrite, transform to martensite or be retained as austenite.

In low hardenability, slow cooling welds, the bulk of the austenite _

transforms to coarse plates of ferrite and degenerate pearlite. In
welds with a higher hardenability, proeutectoid ferrite decorates
the prior austenite grain boundaries while the bulk of the grain
transforms to acicular ferrite. The pockets of enriched austenite
in the acicular ferrite interstices are either retained or trans-
form to martensite. If the hardenability and/or the cooling rate
is sufficiently high, precipitation of proeutectoid and acicular

ferrite is suppressed and the entire grain transforms to martensite.

The formation temperature of low carbon martensite is relatively
high, and auto-tempering during cooling has been observed where

fine carbide rods are precipitated on a number of habit planes. The
final structure is composed of lath and auto-tempered martensite-

with some retained austenite. (10).

The exact naturc of acicular ferrite has yet to be clearly resolved.
Work by Tuliani is reported to have found that acicular ferrite is
precipitate free, has a high dislocation density and has a c/a
ratio of approximately 1.0l. The ferrite grains occupy different
crystallographic habit planes meeting at high angle boundaries, It
was consequently proposed that the structure was massive martensite.
(11). -6ther workers have referred to the structure as low temper-

ature bainite (12) and bainite (13). Widgery and Saunders point

out that weld metals quenched from within the acicular ferrite

i1



12

temperature formation range contain clearly distinguishable martensite,
They go on to argue that while its true structure is not clearly
defined, it can be readily identified and the adoption of other titles
such as upper or lower bainite and massive martensite is misleading.
(8). They also state that they have observed classically defined
lower bainite in low alloy weld metals, which is characterized by
carbide particles precipitated on a single high angle habit plane
within the ferrite grains, This is distinguished from auto-tempered
martensite by the observation of carbides precipitated on all three
‘habits in the latter. Unfortunately, they present no pictoriél

evidence for this distinction.

The appearance of the various microstructures referred to in this
section can be illustrated by reference to micrographs of the weld
metals examined in this investigation. The géne}al layout of col-
umnar grains in a weld run can be seen in the macrograph, Figure 13,
while acicular ferrite and proeutectoid ferrite are shown in Figure
44, What are thought to be islands of martensite in acicular ferrite
are shown.in Figure 46 and a totally martensitic microstructure is

shown in Figure 60.

In multirun deposits, subsequent weld runs form a HAZ in the runs
immediately beneath,causing the structure to transform to fine

equiaxed grains of ferrite and martensite (Figure 13)., This

structure is considerably tougher than the columnar region and if

the proportion is increased by using more weld runs at a lower heat ':
input, the toughness of the deposit is increased. (14%). It has = .

also been pointed out that the lower heat input will lead to éixi"?

finer structure in the non modified columnar region and thus-the .



improvement in toughness can be attributed both to the increased pro-
portion of refined structure and to the finer,non heat affected

structure in the columnar region. (13).
2.2.3 Relationship of structure to properties

In the development of high strength weld metals the two principal
property requirements are high strength and high toughness. At the
lower end of the strength fange (up to 690 MN/m2) the most satis-
factory structure is acicular ferrite which has a high dislocation
density and a high yield to ultimate ratio. At higher strengths,
there is some confusion about what is the best structure to meet the
required strength levels. Connor et al., showed that the necessary
strength level in HY1l30 weld metal could only be achieved above a
critical cooling rate (15), and Shackleton inferred from this data
that the structure was martensitic. (13). Saunders has examined
weld metals at the 300 HN/m2 level and described all such micro-

Structures as martensitic. (10).

In general terms, the development of adequate strength has ﬁot caused
as much difficﬁlty as the concurrent requirement for high toughness.
Knowledge of the relationship between weld metal microstructure and -
touzhness has been very slowly developed,principally because of con-
fusion in th; identification of microstructural constituents.
Toughness is widely described in terms of Charpy or Crack Opening . .
Displacement (COD) transition curves which are a measure of the tem-
perature dependence of the resistance of the material to crack init-

iation, in the case of .COD,and initiation and propogation in.the case

L



Charpy. Upper shelf fracture occurs by microvoid coalescence and res- .
istance to this fracture mode is promoted by reducing the volume
fraction of inclusiors and therefore increasing the inter-inclusion
spacing. Widgery has demonstrated that resistance to microvoid- coal-
escence also decreases with increasing yield stress and decreasing
strain hardening exponent (16), and therefore weld metal cleanliness
becomes very significant in high strength weld metals which exhibit
low work hardening. This has promoted the development of cleaner

weld metals where specific steps have been taken to lower sulphur

and oxygeﬁ levels by using basic slags in submerged arc welding and

low oxygen content shielding gasses in metal inert gas (MIG) welding.

The transition region of the Charpy curve is caused by increasing pro-
portions of cleavage fracture until at the lower shelf, fracture occurs
entirely by cleavage. Garland and Kirkwood have argued that the best
approach to the development of weld metals is to examine the factors
which cause cleavage fracture and if these factors can be suppressed,
then uppef shelf behaviour i.e. microvoid coalescence, can be extended

to lower temperatures. (7).

Widgery has examined several microstructural types and concluded that
acicular ferrite had a higher .cleavage resistance that coarse ferrite/
pearlite mixtures or ferrite side plates. Proeutectoid ferrite was
also considered undesirable because it is softer than acicular ferrite
and strain tends to concentrate in the proeutectoid ferrite bands :: ¢
along prior austenite gr;in boundaries causing lccal cleavage cracks.
The higher cleavage crack resistance of acicular ferrite was attrib-
uted to its fine grain size which meant that ductile tearing was .-

necessary to link cleavage cracks in individual acicular grains,. .. -

14




whereas a cleavage crack could propagate undeflected across an entire

colony of parallel ferrite side plates. (17, 9).

Shackleton has suggested that minor microstructural constituents may
be responsible for the observed scatter in the toughness of acicular
ferrite, (13), and this has been confirmed by Garland and Kirkwood
who have shown that the onset of cleavage fracture is dominated by .
pools of martensite retained in the interstices of the acicular
ferrite. It was found that increasing proporticns of martensite
lowered cleavage resistance, while a post weld heat treatment which
caused the martensite to degenerate to ferrite and carbides,caused a
significaﬁt increase in cleavage resistance. Two types of martensite
were allegedly observed, "blocky lath martensite" in a carbon, man-
gaﬁese, niobiﬁm weld metal and "twinned martensite" in a carbon, man-
ganese, molybdenum weld metal. The evidence for the diétinction is
based on two,not very clear,electron micrographs and this requires

further confirmation. (25).

The ﬁlocky lath martensite was found to be more detrimental than the
rounded islands of twinned martensite, the inference being éhat
cleavage cracks were more readily nucleated in the former. This
appears anomalous as it is generally considered that twinned martens-
ite has a lower cleavage.resistance. The islands of blocky lath
martensite w;re observed to be associated with solidification and
transformation boundaries,which was also considered undesirable, but
the reason for this is not clear as they implied fracture by trans-'*
granular cleavage and’ not by'interg;anular separation. In summary,
it can be concluded that islands of martensite in acicular"fé?fite

adversely affect its cleavage resistance, but the exact micromechanism

14
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of fracture has yet to be clearly established.

There has been little work published on cleavage fracture in martensitic
weld metals. Saunders examined seven such weld metals and found that
they contained lath and auto-tempered martensite. He concluded that,
provided sufficient alloying additions were made to ensure that the
structure was fully martensitic, there was little scope for structural
modification that would improve its cleavage resistance. This, of
course, presupposes: that the carbon level is restricted to the

absolute minimum compatible with the attainment of the required
strength level, It was noted that the transition curves of marten-
sitic weld metals are fairly flat and the importance of weld cleanli-

ness to minimize failure by low energy microvoid coalescence was

stressed. (10).

The role of microstructural constituents in the resistance to cleavage
fracture has been recently reviewed (18), and the effects are sum-
marized in Figure l'. With increasing acicular ferrite contents, the
cleavage resistance initialiy falls, possibly due to stpain.concen*
tration in proeutectoid ferrite (17), after which the cleavage resis-
tance increases until the formation of martensite begins to lower

resistance once again.

2.2.4 Composition and as deposited properties

Alloying element additions to ferrous weld metals are required to ful:
£ill the following requirements:
1.  Develop sufficient hardenability to ensure the formation of

the desired'microstrgcfuré (acicular ferrite or martensite).



2. Suppress the fermation of undesirable microstructures. (pro-

eutectoid ferrite, ferrite side plates and martensite in acicular

ferrite).
3. Ensure adequate deoxidation and nitrogen fixation.
4. Ensure fixation of other undesirable impurities (manganese is

added to combine with sulphur).

S Increase tempering resistance so that softening in multipass

welds is minimized.

A broad understanding of the influence of microstructural components
on fracture toughness has only evolved relatively recently and there
are still some areas that need further clarification, particularly
the role of martensite in acicular ferrite. Weld metal develdpment
has consequently besn based on compositional control where various
elements have been evaluated for their effects 6n strength and tough-
ness. Typical of this approach was work done by Ennis and Telford,
who evaluated 60 commpositicons and subjected the results to a multiple
regression analysis relating composition to strength and toﬁghness.
(19). While they realized that weld metal at the HYS0 level had a
bainitic structure (acicular ferrite) and that a martensitic micro-

" structure would probably be required to achieve the necessary strength
at the HY130 level, they did not specifically aim to control the
microstructure by compositional adjustment. The multiple regression
analysis gavé two paraneters for each element, a strength factor and

a toughness factor determined frcm Charpy tests at -51°¢,

The conclusions drawn were that manganese, molybdenum and copper. .
improved toughness and strength, while chromium, carben, nitrogen -

and the deoxidants decreased toughnéss.l . ~

. *
oty SR
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It is unnecessary duplication to review,in detéil,all the studies on
the effects of compositibn on welded properties as this has been very
thoroughly covered by Masubuchi et al., (20) and Shackleton (13).
Their findings are summarized below and more recent data added where

applicable.

Carbon

Carbon is an efficient strengthening agent, but at the same time causes
a severe deterioration in Charpy toughness and can cause weld metal
cracking. The optimum range of carbon contents is generally accepted
as being 0.06 - 0.12%. Most of the data collected on carbon is pres-
umably based on ferrite side plate/acicular ferrite structures,
although recent work by Saunders on martensitic weld metals showed
that carbon variation over the narrow range 0.06 - 0.10% did not sig-

nificantly lower COD toughhess. (10).

Manganese

Manganese is added to weld metals to control sulphur'and prevent hot
cracking, to provide some solid solution hardening and to increase
hardenability. Shackleton indicates that there is some dispute in
the literature whether manganese actually improves toughness, but
concludes that levels up to 2% do not cause a significant deterior-
ation. It has been suggested that a manganese/silicon ratio of 4 - §

minimizes inclusion content. (16).

Silicon- )
Silicon is a potent solid solution hardener which can cause'a deter--
joration in'toughness. It also acts as a powerful weld metal’deoxi-

dant. There is some disagreement on the optimum silicon content,f e .

the most widely quoted maximum being 0.5%.

18
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Nickel

Nickel marginally improves strength and is principally used to improve
toughness although its effectiveness is not agreced upon. There are
some reports of nickel in excess of 2.5% causing hot cracking, but

contents up to 5% have been successfully used. (21).

Chromium
Chromium increases wald metal strength and causes a deterioration in

Charpy toughness, particularly at levels above 1%. It is reported to

promote the formation of acicular ferrite.

Holybdenum

Molybdenum increases strength and toughness at levels up to 0.5% by
promoting the formation of acicular ferrite. Toughness tends to

deteriorate at higher levels.

Cogger

There are several reports of copper improving strength and toughness

(up to 0.50%) although it has not been widely used in weld metals.

Titanium, zirconium,aluminium

These elements are all used as deoxidizers or denitriders. They are
all reported to adversely affect toughness and their levels are res-

tricted to around 0.01%.

Niobium,
Shackleton indicates that the little information available cn niobium
indicates that it causes a marked decrease in toughness. This was

confirmed in work reported by Almquist et al., where niobium additions of



up to 0.06% significantly decreased toughness. (22). Garland and
Kirkwood compared a 0.02% niobium weld metal with a niobium free but
otherwise identical weld metal and found no significant deterioration
in toughness. (7). This would appear to be the maximum tolerable

level until further information becomes available.

Vanadium

The general view obtained from éhelliterature indicates that vanadium
markedly increases strength and causes a severe deterioration in tough-
ness, although there are reports that vanadium at up to 0.12% can be
beneficial. Garland and Kirkwood examined weld metals containing up
to 0.12% vanadium and found that it promoted the fermation of acicular
ferrite and did not cause a significant deterioration in toughness,
Their investigation also showed that it interacted with nicbium and
molybdenum causing a toughness deterioration when molybdenum was
present and improved toughness when niobium was present. (23). The
effects of vanadium on weld metal toughness after post weld heat

treatment are further examined in section 2.3.2.1.

Sulphur, phosphorus, oxygen and nitrogen

These elements are considered to be highly undesirable and welding
consumables and processes specifically aim to keep their levels as
low as possible. Sulphur and.phosphorus promote hot cracking, lower
upper shelf Charpy toughness, and are limited to levels less than

0.012% in HY series consumables.

Nitrogen markedly lowers toughness and is usually controlled by the
addition of strong nitride formers. Oxygen affects upper shelf

fracture behaviour by inclusion formation. (24). The amount of
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nitrogen absorbed in a weld pool increases with the oxygen content of

the weld pool which is an added reason for restricting oxygen contents,

(26).
2.2.5 Submerged arc process variables

This work is specifically aimed at examining submerged arc weld metals
rather than MIG or manual metal arc (MMA) weld metals. The latter two
processes have been successfully used to deposit weld metals up to
HY130 strength levels and they have been extensively reviewed by
Shackleton. (13). He casts some doubt on the suitability of submerged
arc at the HY130 strength level because of high oxygen and nitrogen
levels, although the advent of fully bagic fluxes such as OPM1TT
suggests that adequate toughness can be achieved if heat inputs are
restricfed so that cooling rates are sufficiently high for martensite

formation.

A significant variable of the submerged arc process is the flux type.
Basic fluxes significantly lower weld metal oxygen and inclusion'cbn-
tents which increase upper shelf Charpy toughness., (24, 27). This has
led to a trend to use basic fluxes where high weld metal toughness is
required, even though their operating characteristics such as current
carrying capacity and élag detachability are considerably inferior to

acidic fluxes.

Basicity is measured in terms of the chemical content of the flux:

P
. 18

B = Ca0 + MgO + CaF, + 3 (MnO + Fe0)

sio, + 3 (A1,0, + TiO, + 2n0,) _
Acid fluxes have a high silica content and have basicity indexes of
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about 0.5 to 0.8 while a fully basic flux such as OP41TT has high Mg0

and CaF, contents and has a basicity index of 3. (24, 28).

Recent work by Garland and Kirkwood has indicated that fully basic
fluxes are not the universal answer to the attainment of high weld
metal.;oughness. (23). The theory is based onlthe analysis of Charpy
transition curves and they argue that upper shelf behaviour, i.e.
microvoid coalescence, can only be achieved if the microstructure is
sufficiently resistant to cleavage fracture at a given temperature,
In other words, a very low inclusion content is not an automatic
guarantee of high toughness if the weld metal fails by cleavage.

This point was demonstrated when increasing heat input welds were
made with a basic flux (OP41TT) and the transition temperature was
found to increase with heat input. The decrease in cleavage resist-
ance was attributed to the increased proportion of lath martensite
and upper bainite (ferrite side plates). This was due to the observed
increase in carbon content, decrease in manganese and silicon con-
tents and the slower cooling rate as the heat input increased. Heat
input is therefore the other significant variable with fhe tendency

for toughness to decrease as heat input increases. (18).

Garland and Kirkwood noted that toughness did not deteriorate as
rapidly with an amphoteric alumina based flux which caused a higher
oxygen level and hence a higher inclusion content, but did not cause
changes in the carbon, manganese and silicon contents with increas-
ing heat inputs, and so the aleavage resistance of the matrix was
essentially unaltered. It thérefore.appears-that the use of fully
basic fluxes is restriétéQ to low heat inputs, although there are.
reports of a boron, titanium wire,which overcomes this limitation, .

but no detailed account on how this is achieved has been published.



2,2,6 -Summary

The principal microstructural and compositicnal factors controlling
submerged arc weld metal toughness can be summarized as follows.,
Development of higher strength, high toughness consumables, particu-
larly for the HY series steels, has centred on the nickel, chromium,
molybdenum, manganese system where various compositions have been
successfully used,

Copper should also be considered as a major alleying element,-although
it has not been widely exploited. The optimum carbon content appéars
to be in the range 0.06 - 0.10% to ensure adequate strength without a
serious loss of toughness. "Silicon is the principal deoxidant in use
at 1evels'up to 0.30% and other deoxidants such as titanium,
zirconium, and aluminium have been used ‘at lowér levels. Sulphur,
phosphorus, nitrogen and oxygen are considered undesirable impurities
and careful attention has been devoted to keeping their levels as low
as possible in consumables and through the use of basic slags in sub-

merged arc and low oxygen content shielding gas in MIG. Vanadium and

niobium additions at levels up to 0.12% and 0.02% respectively may or

may not be beneficial.

The optimum levels of the major alloying elements appear to véry

and undoubtedly interact with each other. This interaction is

further complicated by the final transformation structure which may
vary from ferrite side plates and acicular ferrite. through to.mart-
ensite and the effects of:.a given element are difficult to isolate
from this interaction. ' The role of the rajor alloying elements in -
determining the structure and amount of martensite in:acicular ferrite

must also be considered.
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While this interaction is complex, the trends are gradually emerging
and point the way for further development. It appears that up to the
HY100 level, the most suitzble microstructure is acicular ferrite and”

this structure can be further developed by attention to the associated

martensite.
Finally, basic fluxes give the lowest inclusion content and the highest
upper shelf Charpy toughness, but increasing heat input tends to

lower the cleavage resistance of nominally acicular structures and
amphoteric ‘fluxes may be more suitable at higher heat inputs.

At the higher strength levels of HY130, it appears that martensitic
microstructures are necessary and the scope for compositional develop-
ment seems much more limited. The obvious requirements are that

there is sufficient carbon to give adequate strength, the alloying
content is sufficient to ensure martensitic hardenzbility and that
impurity levels are kept as low as possible. The literature on

" martensitic weld metals is extremely limited and this will undoubtedly
be an area of increased research as demand for higher strength weld

metal increases.

2.3 Weld metal embrittlement
2.3.1 Introduction

In contrast to the careful development of weld metal microstructures
designed to give high toughness, it is quite striking that veryu?‘*
little attention has been paid to the éffect of post weld heat treat-

ment on weld metal properties. In Shackleton's review of welding
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HY100 and HY130 steels the issue is completely ignored, although a
passing reference is made to some COD work on manual metal arc weld
metals which were embrittled by post weld heat treatment. (29). In the
Welding Institute's review of welding QT35 and HY80 it is pointed out
that the general position regarding post weld heat treatment of weld
metals is nct well uu.derstood, to quote:-

"Whereas it appears that the HAZ regions in HY80 and QT35 steels sig-
nificantly improve in toughness on post weld heat treatment, the risk
of fracture initiation in a post weld heat treated structure will
probably depend on the relative effects of the reduction in residual
stresses and deterioration in weld metal toughness that results from
heat treatment. An important factor that must aiways be considered
in connection with post weld heat treatment is the likelihood of
temper embrittlement occurring in weld metal or in HAZ regions.
However, there appears to be little information available with

respect to guenched and tempered locw alloy steels." (6).

Sswift and Rogers have reviewed weld metal embrittlement and they
divide it into three categories. (30). Creep embrittlement applies
to creep failures in weld metals operating at elevated temperatures
and is not really applicable in the present context. Stress relief .
embrittlement is attributed to carbide precipitation during the post
weld heat treatment cycle while temper embrittlement is discussed in
terms of toughness deterioration after holding for prolonged periods

in the 400 - 600°C range. In this surve 5 it is intended to .

A

examine the possibility of temper embrittlement occurring during_a
~normal post weld heat treatment quré?ion,in a structure not_de§tipgd
for high temperature use. There are, therefope, two possible

sou?ces of embrittlement duriné a treatment cycle, carbide precip~

itation and classical temper embrittlement and these will be
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examined in turn. .
2.3.2 Carbide precipitation

Swift and Rogers report that some weld metals containing strong car-
bide formers such as vanadium and molybdenum are embrittled by post
weld heat treatment. In cases where a deterioration in Charpy tough-
ness has been noted,secondary hardening occurs. They concluded that
precipitation of coherent carbides either locksor restrictsdislocation
motion which makes the microstructure more susceptible to cleavage

fracture. (30).
2.3.2.1 Vanadium

Puzak and Pellini examined a manual metal arc weld metal which con-
tained .06%C, 0.26%V, 1.5%Ni and 0.58%Mo. They found that secondary
hardening occurred in the 460 - 680°C temperature range, the time to
reach peak hardness decrgasing as the temperature increased. Maximum
hardness coincided with a maximum deterioration in Charpy toughness
as shown in Figure 2. Vanadium carbide precipitation was not
specifically identified, but rather inferred from the strong second-
ary hardening observed. The possible simultancous precipitafion of

molybdenum carbide was not considered. (3.

Sagan and Campbell found that a 0.1% vanadium bearing Ni-Mo-V weld
metal showed a 22°C upward shift in Charpy transition temperature
after 2 hours post weld heat treatﬁent at 620°C, while an identical,

vanadium free, weld metal showed no chahge. (32).



Campbell et al., exgmined submerged arc weld metals containing 0.12%
vanadium made from Bostrand 31 wire and a semi basic .flux,Encrex ,
2/102,and found that there was a deterioration in Charpy toughness
after a 1 hour heat treatment at 550°C and 650°C. The 55 joule energy
absorbed temperature in the as welded condition was -30°C which
increased to -15°C after 1 hour at 550°C and 0°C after 1 hour at

650°C (Figure 3). A simultaneous increase in hardness and yield.

strength was noted and precipitation of vanadium carbide was inferred

but no direct cobservation of the precipitate was attempted. (33).

Garland and Kirkwood examined the influence of vanadium on submefged
arc weld metal toughness using plate dilution as a source of vanadium,
They used two levels of vanadium (épprox. .03% and 0.12%), two heat
inputs (3.3 and 7.5 KJ/mm) and an amphoteric flux, BX200 and a basic
flux OP4L1TT. Stress relief was '"carried out in accordance with
BS1515" which presumably meant 580 - 620°Q for 1 hour. They con-
cluded that the final toughness was a result of the balance between
the degeneration of islands of martensite which increased toughness
and the adverse effect of precipitation of alloy carbides which .
decreased toughness. Carbon manganese welds containing up to 0.12%V
welded at 3.3 KJ/mm and using OP41TT flux showed a marked toughness
increase on heat treatment which is shown in Figure 4. Similar welds
made at a higher heat input (7.6 KJ/mm) showed only a marginal
improvement. A decrease in toughness was observed at the higher
vanadium level and a 3.3KJ/mm heat input using an amphotefic flux,
BX200 (Figure 5). In this case it was suggested that precipitation
of aluminium nitride aided epitaxial growth of vanadium carbide, but
this was not experimentally verified. Precipitation of vanadium
carbide was inferred from increases in yield strength rather than by

direct observation. .(23).
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Hannerz and JonssontHolmquist (34) examined vanadium in weld metals
using single run submerged arc at one heat input (7.2 KJ/mm). Parent
plate dilution was used as a vanadium source. Their results indic-
ated that up to 0.10% vanadium did not significantly degrade Charpy
toughness in either the as welded condition, or after 2 hours heat
treatment at 600°C. There was a progressive decrease in toughness at
higher vanadium levels. Examination of thin foils led them to con-
clude that precipitation of vanadium nitride occurred during trans-
formation from austenite to ferrite (as the weld metal cooled after
deposition) and that subsequent heat treatment coarsened the pre-
cipitates sufficiently for them to be observed in the electron micro-
scope. This conclusion was based on the observation of rows of pre-
cipitates similar to those observed by Batte and Honeycombe (35) who
studied the isothermal transformation of 1.0% vanadium steels, The
rows of precipitates observed by Hannerz and &onsson-Holmquist were
in-a 0.22% vanadium weld after stress relief. They state that
"some" precipitates were observed in the ‘as deposited 0.09% vanadium
weld and that "more" were observed in the as deposited 0,22%
vanadium weld, but they do not present any pictorial evidencs. fhey
referred to the precipitate as vanadium nitride but no diffraction

evidence was presented,

Work carried out on the post weld heat treatment embrittlement of
vanadium bearing heat affected zones is also relevant to the discus-
sion., (36). Vanadium carbide precipitation was identifie& by
electron diffraction,with the precipitate uniformly distributed
throughout the proeutectoid ferrite/acicular ferrite structure.

The most significant observation was that precipitation of vanadium -
carbide promoted intergranular failure, the afgument heing that the’

vanadium carbide strengthened the grains, thus concentrating strain
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on the grain boundaries. As far as it is known, no fracture surface

observations have been made of vanadium embrittled weld metals.

In summary, it can be concluded that the influence of vanadium cn weld
metal toughness after post weld heat treatment is complex and related
to a number of factors, namely, the vanadium content, the heat input,
the flux type and the presence of other alloying elements. It is
generally agreed that the precipitation of vanadium as a carbide or
nitride causes a deterioration in Charpy toughness, the magnitude of
the deterioration increasing rapidly at vanadium levels in excess of
0.12%. Garland and Kirkwood argue that this precipitation cannot be
considered in isolation as the post weld heat treatment may remove
other cleavage initiating microconstituents and this may more than
counteract the deleterious effect of precipitation. The effect is
schematically illustrated in Figure 6. It can also be noted from
this figure that some investigators have suggested that carbides
resulting from the degeneration of rétained austenite and/or marten-
site can themselves lower cleavage resistance. (17, 37). The
apparent difference between the results of Campbell et al., who
observed a nett toughness deterioration, whereas Garland and
Kirkwood observed a toughness increase at the same vanadium level -
(0.12%) may be explained by a lower martencite content in the former
weld metal. Welds made with increasing heat inputs and decreasingly

basic fluxes seem to exhibit a greater degree of embrittlement,

The precipitation of vanadium carbide in weld metals has not been .
studied in any detail, It is suggested that precipitation occurs
immediately during weld cooling and that growth occurs on subsequent

heat treatment, or alternatively that precipitation and growth occur
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on heat treatment, but there appears to be no conclusive evidence for
either viewpoint at levels around 0.1%. It is also uncertain if
vanadium carbide precipitates uniformly throughout the structure or
is asséciated with the degeneration of islands of martensite. Swift
and Rogers assert that precipitating species promote cleavage
fracture while other work suggests that intergranular failure may

occur and direct observation of fracture surfaces is required.
2.3.2.2 Molybdenum

There have been very few detailed studies on the effects-of molybdenum
carbide precipitation in post weld heat treated weld metal. Bland
(38) examined 2% Cr - 1 Mo and 1% Cr } Mo manual metal arc welﬁ metals
after various heat treatments using ductility (elongation on a 50mm.
gauge length) as a measure of embrittlement. It was concluded that 1%
‘molybdenum caused severe embrittlement at 565°C and the degree of
embrittlement decreased as the tfeatmeht temperature was r&ised to
732°%C. Molybdenum at the 0,5% level did not appear to.cause any embrit-
tlement'over_the 565 % 732°%C temperature range, although it is doﬁbt‘ '
ful if the test was sufficiently sensitive to detect low levels of
embrittlement. As no attempt was made to identify the precipitating
eafbide,it is difficult to establish if molybdenum carbide was solely |
responsible, as chromium carbides may have been precipitating simul-

taneously.

Garland and Kirkwood examined the effect of molybdenum at two levels
(0.02% and 0.30%) using a basic flux, OP41TT. (7). After post weld
heat treatment there was a significant toughness increase observed

in the low molybdenum weld metal, while there was only a slight™’



31

increase at the higher 1eve13 When an amphoteric flux, BX200 was used'
there was a signific;nt deterioration in toughness accompanied by a
marked increase in yield stress. It was argued that aluminium frem the
alumina based flux precipitated as aluminium nitride éhich provided
epitaxial nuclei for molybdenum carbide and caused a faster precipit-
ation rate. No experimentai evidence was presented for this theory
and no direct observation of molybdenum carbide was made. It is
important to note that the weld metals contained 0.0l - 0.014% niobium
which is known to markedly increase pracipitation harden;ng in moly-
bdenum bearing steel (39), and so the true magnitude of the toughness
deterioration due to the precipitation of molybdenum carbide alone,at

up to the 0.30% level,was not clearly established.

2.3.2.3 Niobium

Garland and Kirkwood examined niobium,gained by parent plate dilutien,
at levels up to 0.023%. (7). Tﬁey noted tﬁat precipitation occurred
from the increase in yield stress after post weld heat treatment.

They did not observe a deterioration in toughness after heat treatment
with either a basic or amphoteric flux. It is probable that niobium

could cause a problem if it was present at higher levels.
2.3.3 Temper embrittlement

Temper embrittlement in wrought alloy steels has been recognized for

many decades and is usually measured as a shift in the Chappy trans- "
ition range to higher temperatures. The subject has been extensively
reviewed and while the'exaet‘mechanism of embrittlement is still con-

jectural, the principal characteristics are well known. (40, ¥1):



1. Embrittlement can occur in alloy steels having a ferrite.carbide
microstructure when heated into, or slowly cooled through the 375 to
.575% temperature range.

'2. Embrittlement only occurs if specific impurities such as.
phosphorus, tin, antimony and arsenic are present, the degree of
embrittlement increasing with the concentration of impurities. (42).
3. In an embrittled steel, the fracture path is along the prior
austenite grain boundaries.

4, The degree and rate of embrittlement is affectéd by the alloy-
ing element content of the steel. Chromium and manganese tend to
increase it. Small amounts of molybdenum can suppress embrittlement,

but larger amounts increase it.

Recent work using Auger spectroscopy has shown that the embrittling
species segregate preferentially to the prior austenite grain
boundaries, feachingéyery high concentrations in the surface mono-
layer. The segregation is concentrated in the immediate viecinity of
the boundary and decreases to the bulk level within a few atomic

diameters. (43).

The segregating impurity has been shown to markedly lower the free
energy of the grain boundary surface which implies that less energy
is required to separate two grain boundary surfaces containing a seg-
regant than that required iﬁ a segregant free case. Hondpos argues
that when the segregating species is present above a critical con-
centration, there will be enough segregant on the boundary surfaces
to lower their free energy sufficiently for them to become the
lowest energy absorbing fracture path._(qu). McMahon has shown also

that the cohesion of the ferrite/carbide interface is lowered by .
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impurity segregation, grain boundary carbides tending to fracture in

the impurity free case while impurities cause smcoth decohesion. (46).

The various models of temper embrittlement can be broadly summarized
as follows. If a steel is tempered at 650°C or above, the embrittling
elements diffuse into the grains due to strong entropy effects and
embrittlement does not occur. If a steel is heated for prolonged
periods at 550°C or below, the embrittling clements tend to diffuse
back to the prior austenite grain boundaries reaching very high con-
centrations in the immediate boundary vicinity. As diffusion is
strongly temperature dependent, the embrittlement rate decreases with
temperature and thus embrittlement exhibits a "C curve" behaviour
(Figure 7). The embrittling species cause embrittlement by 1o§ering
the cohesion of the ferrite)ferrite boundary interfaces and also the
ferrite/carbide interfaces. It has been noted that the alloying
Ielements, nickel,-chromiuﬁ, manganese and molybdenum all modify
embrittling behaviour and there have been various explanatibns offered.
(41, 47, NB,ISH). It has been suggested that they may increase the
diffusivity of the embrittling species (manganese is reported to ‘
increase the diffusivity of phosphorus in iron (41)), or that they
cause preferential grain boundary carbide precipitation, the cohesion
of which is lowered by the embrittling species., Detailed experi-
mental justification for the various theories is lacking and the
interaction between alloying elements and embrittling elements is not

well understood.

The study of temper embrittlement has concentrated on quenched and
tempered martensitic microstructures, the principal microstructural
variable being prior austenite grain size. Capus found that embqitj

tlement increased with increasing prior austenite grain size and

-



suggested that for a given amount of segregated solute, the amount per

unit boundary area is greater for larger grain sizes, (47).

Woodfine (49) studied the effect of microstructure in a 0.04% phos-
phorus bearing steel and found that the transition temperature shift
after a 500°C embrittling treatment was greatest for a martensitic
microstructure and successively less for bainitic and pearlite struc-
tures., However, it is important to note that the trans;tion temp-
eratures in the embrittled condition were all roughly equal and the
differences in shift on embrittlement were due to large differences in

the non embrittled transiticn temperatures.

Other work has confirmed this view where it was found that the amount
of embrittlement in a Ni-Cr-V steel was greater for martensite than
bainite, but the nonembrittled bainite had a lower toughness than the
-embrittlea martensite. Auger spectroscopy showed segregation of
phosphorué and tin to prior austenite grain boundaries was greater.in

martensite than bainite. (50).

Geniets and Knott examined the relative embrittlement of martensite
and baiﬁite and found that if they were tempered to give identical
fracture stresses in a low temperature tenéion'test priorlto'embrit—
tlement, then embrittlement was greater in the tempered bainite.
This was attributed to the pfesénce of coarser carbides in the

bainitic steel. (51).

Several studies using pure iron containing small amounts of suiﬁhqp,
phosphorus or tin have shown that substantial embrittlement can

occur in polygonal ferrite structures (49, 52, 53) and so it must -
be concluded that the effect of microstructure on susceptibility to-

temper embrittlement has not been clearly established.’ The
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precipitation of grain boundary carbides appears to affect the degree
of embrittlement, but until the cohesion of an impurity doped ferrite-
carbide interface can be compared directly with the cohesion of an
impurity doped ferrite-ferrite interface, the relative susceptibilities
of the two structural types cannot be established. Another factor to
be resolved is that differing response may also be related to the
relative high angle grain boundary area per unit volume. Geniets and
Knotts' result could possibly be explained by suggesting that there
was a similar high angle boundary area in the two structures and the
differing embrittlement response was caused by the enhanced carbide

precipitation on boundaries in the bainite.
2.3.4 Temper embrittlement in weld metals

Bruscato examined the effects of phosphorus, arsenic,antimony and tin inp
a 2Cr 1Mo manual metal arc weld metal. (55)., The investigation was
designed to study possible embrittlement after prolonged exposure in
the embrittlement range as would be experienced during the Aperation
‘of high temperature pressure vessels. Comparison was made betweeﬁ _
weld metals in the stress relieved condition before,and afte; é step
age treatment designed to induce a degree of embrittlement similar
to the embrittlement caused by prolonged isothermal treatments.
Charpy energy absorbed at,10°c was related to the manganese plus
silicon pont;nt and the impurity content factor, (1O0P + 5 Sb +

4 Sn + As). The degree of embrittlement increased with increasing
impurity factor and the manganese plus silicon content (Figure 8).
It is unfortunate that no Charpy dat; was presented for the as
welded condition as some embrittlement may have occurred during the.

initial stress relieving heat treatment. The data presented for the

step age treatment is not directly relevant in the present context,
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as it was designed to assess embrittlement after extended exposure at
temperatures in the 400 - 600°C range, but it does show impurities can

induce temper embrittlement in weld metals.

Wolstenholme examined a 2% chromium, 1% mélybdenum weld metal which
contained 0.02% phosphorus and found that embrittlement occurred during
slow cooling (25°C/hour) after post weld heat treatment at 680°C for

* 3 hours. The embrittlement could be suppressed by water quenching.
Embrittlement was attributed to phosphorus segregation to prior aust-
enite grain boundéries. (56). This work is important because it.
positively identifies classical tempér embrittlement occurring during
a post weld heat treatment cycle. Moreover, the treatment cycle used
was one which could reasonably be expected in practice, noting of
course that treatment temperatures would be lower for HY series weld
metals. This is particularly important in terms of Swift and Rogers'
review of weld metal embrittlement, because they did not consider the
possibilify of temper embrittlement occurring during a normal post
weld heat treatment cycle. Wolstenholme's findings &emdnstfate that
temper embriftlemeﬁt is also pdssiﬁlé'and this must also be con-
sidered along with carbide'ﬁredipitéfion as aﬁéausé:offtéﬁghness

deterioration after post weld heat treatment. |

Rosenstein and Ascﬁe'noied a deferioratién in AXlud,MfG weld metal

post weid:hééf treated at 56500.' The'degree of emﬁrittlemeht*
increased with time at temﬁébatufezégd ﬁiih?decféaéing‘cooling sata.
whilé-téméev.eﬁbfiétiﬁmént was suspected, no atterpt was made to
$dentify the cause of the embrittlément. (57). ' - ¥
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2.3.5 Summary of weld metal embrittlement

The survey of the literature has shown that the deterioration in tough-
ness caused by a post weld heat treatment cycle is usually ascribed to
precipitation of alloy carbides. While classical temper embrittlement
has also been suspected, it has only been positively identified in one

instance, in a 2Cr 1 Mo weld metal.

It appears from the weight of evidénce that vanadium at levels in
excess of approximately 0.1% causes a decrease in toughness, while
there is some doubt on its deleterious effect at lower levels. Its
overall effect is further complicated by the possible removal of
cleavage initiating microconstituenté during stress relief which may
lead to a nett improvement in toughness. The literature on Bostrand.
31 indicates that vanadium carbide precipitation does cause a
decrease in toughness. There has only been cne direct observation of
vanadium carbide precipitation in weld metal, but this was at levels
above tﬁe range under consideration. There is clearly a need to
further clarify the mode of its precipitation, particularly in
relation to the complex weld metal microstruétupe'detailed in'section
2.2.2. The observation that vanadium carbide precipitation promotes
HAZ intergranular fracture must also be considered as-carbide pre-
cipitation has usually been thought to promote cleavage fracture. .
Similar remarks can be applied to molybdenum carbide precipitation.
There appears to be contradictory evidence on its deleterious effects
~ in.the 0.30 - 0,50% ‘range, ~ As molybdénum is present at these levels
in éonsﬁﬁableé-used for welding HY100 ‘and HY130 steels| its exact

effect on toughness needs to be further examined, '~ e
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There is very little evidence to suggest that temper embrittlement is a

contributing factor to weld metal embrittlement, although very few
investigations appear to have been carried out with the specific aim
of identifying it., It must also be noted that in the development of
high strength weiding consumables, close attention has been devoted
to minimizing phosphorus and sulphur levels and yet it is uncertain
if the levels are sufficiently low to preclude the possibility of
temper embrittlement during a post weld heat treatment cycle. It is
therefore clearly desirable that sdurces of weld metal embrittlement
in high strength weld metals be identified so that consequent modif-

ication to compositions can be carried out.

2.4 Considerations of general yielding fracture mechanics

2.4,1 Introduction

Embrittlement can be regarded as the toughness decrease resulting from

a given treatment. The question that is considered in this section is

what is the best way of measuring toughness and how should this be

related to the fracture behaviour of an engineering structure.

In engineering structures, catastrophic failure occurs when the

operating stress exceeds a critical level causing a pre-existing

defect to propagate.. The likelihood of fracture.is reduced if the

size16futhe defect is below a critical size and if the material has a

high resistance to fracture. This resistance is usually termed

fPaCt“?e'tOUghness,'and it-is obviously desirable to be able to : - -

quantify it so that the m1crostructural and composmtlonal factors .-
that control it can be identzfied ,In order to-achieve this, it is.

necessary -to ‘use defect geometrles and, loading rates that are.
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applicable to the situation in question.

The traditional and widely used fracture test is the Charpy test in
which a notched 1Omm. square bar is impact loaded and the energy
absorbed in fracturing the bar is measured. Ferritic materials display
transitional Behaviour with increasing temperature and the Charpy
tests are conducted over a range of temperatures giving a low energy
absorbing shelf at lcw temperatures and a transition to a higher
energy absorbing shelf as test temperature increases. The Charpy test
uses a relatively blunt notch which is impact loaded and is tﬁerefore
not directly relatable to failure in statically loaded structures
where fracture is initiated at a sharp crack. The realization of
this limitation has lead to the development of fracture tests which
can be directly related to structures and which can be used as a

basis for design against fracture.

Fracture mechanics attempts to develop smail scale tests which
accurately model the actual structural situation, so that the fracture
toughness and the resulting defect tolerance of a material can be
meaningfully established. It is beyond the scope of this reviaw to
discuss in detail the vast amount of material published on fracture
mechanics. Instead, it is intended to assess the various techniques -
available for meéﬁuring embrittlement so that a suitable laboratory
test can be selected. More comprehensive treatments of frﬁcture
mechanics in general are available in the literature. (58, 59).

There are two main approaches to the fracture problem, the first con-
51ders the arrest of a propagating crack while the second considers
the possibility of erack initiation from a pre-existing defect.

The former approach has been developed by Pellini et al., and is

-,
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based on the analysis of dynamic tear test (DT) results and is fully
described in the literature (60, 61). In this test,a full thickness
specimen containing a sharp notch is impact loaded. As most fe?ritic
materials exhibit a brittle to ductile traasition with increasing
temperature, the tests are conducted over a range of temperatures
spanning the required service range and the energy absorbed in
fracture and the area of the shear lips,as a percentage.of thickness,
are measured. A material is deemed suitable for a given application
if the operating range corresponds to the high energy absorbing upper
shelf. Daves determined dynamic tear curves for twelve low ailoy
weld metals and found that the normal operating range (-20° to +20°C)
fell in the transition region of the curves as shown in Figure 9. (2).
wide plate tests were also performed on these weld metals. Iﬂ this
test a 900mm. square plate which contains a notched weld is loaded in
tension-at the desired temperature until fracture occurs. A full
penetration weld is used which contains a sawn notch of varying
geometry. (2). The wide plate tests performed on the weld metals
which had shown transitional behaviour over the desired operating
range in the DT tests, showed that fracture occurred before general
yield and that continued crack propagation occurred once a crack was
initiated. .The weld metals tested were representative of toughness
levels currently available, and it was concluded that they were insuf-
ficiently tough to be amenable to the fracture propagation deéign-
approach. (2). Alternatively, the fracture initiation approach'can
be used to relate fracture initiation to crack length and épplied
stress,despite the fact that the desired operating temperature .is in
the transition range,and therefore pfo?ides a means of fracture

design for weld metals at the toughness levels currently available. -

4



2.4.2 Linear elastic fracture mechanics

The crack initiation approach relates variations of load and defor-
mation to some characteristic measure of the resistance of a material
to fracture. It assumes that fracture occurs when a critical level
of the parameter which characterizes the stress and strain environ-
ment at the crack tip is reached. The theory is well established for
materials which behave in a linear elastic manner up to fracture.
Local plasticity at the crack tip is recognized, but the approach'is -
valid provided the local plastic zone at the crack tip does not sig-
nif@éantly disturb the elastic stress field. Irwin (62) showed that,
for a centre cracked,infinite plate, the stress intensity factor K
is given by:
K=g¢ /EE

where ¢ is the stress and a half the crack length. Fracture occurs:
at a critical value of K which varies with stress state and reaches
a minimum under plane strain conditions denoted by ch.* This para-
meter can be determined in a laboratory test on a relativel& small
specimen. The specimen, which contains a fatigue erack, is loaded
in tension or bending until fracture occurs and the fracture.load is
used to calculate K,.. The general layout of typical testing
apparatus is shown in Figures 15 and 16, although th%s particular
rig was used for COD testing. Plane strain fracture toughness test-
ing has pebn.standardized with certain restrictions to ensure plane
strain validity specified as:

(a, B) > 2.5 E}E.

g
y

2

*Fpacture mechanics symbols used in this chapter and also Chapters 3
and 5 are listed in Appendix 1.
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where a is the crack length, B the specimen thickness and cy the yield

stress. (63, 64, 65).

Once ch is determined for a given material, the parameter can be sub-

stituted in the general design equation to obtain critical crack
lengths for a given vorking stress.

K = const. o Vma

The constant is a function of crack geometry and values for different
geometries have been proposed. (66). Knowledge of critical crack
“lengths can then be used as a guide to the suitability of a material

and as a criterion for defect acceptability.

In most structural steels and weld metais, the validity criteria for
plane strain ch measurements are not met due to excessive crack tip
plasticity. General yielding fracture mechanics has been developed
to extend linear elastic concepts to yielding materials, the two
principal approaches being crack opening displacement, CODfénd the

recently suggested "J" contour integral.
2.4.3 Crack opening displacement

Crack opening displacement (COD) theory postulates that crack opening,
8, can be used to characterize the stress strain field at the crack!
tip in a material where excessive plasticity precludes elastic
analysis. The strip yield model has been' developed to relate applied
stress, crack length and COD at the.crack tip for-an infinite, centre
cracked plate. (67).

§ = 80 a 1n sec no
R 20

mT E
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This model only aﬁplies up to yield stress, but beyond nett section
yield, all displacements applied at the ends of the plate appear as a
displacement between the crack surfaces. (67)., This enables COD to -
be related to crack size well beyond the local yield stress, a

situation encountered in highlresidual stress fields and around stress

concentrations.

COD theory predicts that fracture occurs at a critical COD value, Gc
and hence the possibility exists for measuring Sc on a small, full
thickness test piece which breaks well after general yield and using
this value to predict the failure stress of a large structure which
breaks before general yield. This is the basis of the design
approach suggested by Harrison et al., (68) and subsequently modified

by Burdekin and Dawes (66), Egan (69) and Dawes (2).

The COD at frécture . Gc is determined in a laboratory test by loadipg
a cracked specimen in bending or tension and plotting load versus
crack opening. The latter is not measured directly, but is obtained
by converting the crack mouth opening V, measured with a clip gauge,
to the crack tip opening. Specimen configuration, loading geometry
and clip gauge can be seen in Figure 16,and Figure 19 shows typical
schematic load - clip gauge opening curves obtained in COD tests.
Once the COD at fracture,ﬁc is determined, the critical crack size
for the material operating at a given stress level can be calculated
by reference to the Welding Institute's design curve shown in

Figure 10. Here non-dimensional COD is plotted versus applied strain

and if Sc and the relevant applied strain are known, then the .

critical crack size a is obtained by calculation.
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The design curve has been developed using both the strip yield model
previously mentioned, and by using wide plate tests to obtain the
actual variation of § with varying crack lengths,z-and applied stress.
The reliability of the design curve has also been tested using wide
plate tests where a weld containing a given defect length is loaded

to fracture and the ?esulting fracture stress used to calculate the
predicted criticel crack length. These tests showed that the design
curve gave conservative estimates of the critical crack size by

factors ranging from 1.3 to over 4, (2).

Turner and Burdekin have reviewed general yielding fracture mechanics
(59) and note a number of objections to the approach, principally

that the experimental results do not follow the crack length/gauge-
length dependence suggested by the striﬁ yield model. This is thought
due to plane strain éonditions dominating at crack initiation, whereas
the strip yield mcdel assumes plane stress. The observed departure

has also been attributed to strain hardening at the crack tip.

Another major problem is that slow crack growth is often observed
prior to instability in a COD test. It has been shown that 3i’ the
COD at crack initiation is substantially independent. of specimen
thickness when crack growth is by microvoid coalescence. It is sug-
gested that this reflects a "material property" more'realistically
than Gm? the COD at maximum load which varies with thickness. (70)..-
The Welding Institute's design approach assumes fracture on a rising
load curve and does not consider slow crack growth. It must be
noted thatﬁibvalues can be an order”of-magnitude lower than Gm values
and therefore predict a much lower defect tolerance which may be

over conservative. This is one issue yet to be clearly resolved.



Smith and Knott have dgm@nstrated that Gi and ﬁm are strongly dependent
on initial notch width, and it is for this reason that COD testing
recommendations require a fatigue crack. This gives lower values of

Gi and Gm than those determined from machined notches.. (71). Most of
the data used to formulate the Welding Institute's design approach

has been based on machined notches and hence the use of fatigue crack

results again reduces apparent defect tolerance.

There are therefore, a number of problems asscciated with the use of
COD data in design which are yet to be resolved. This particularly
applies to the relationship between slow crack growth and final

instability in a real structure.
2.4.4 The "J" contour integral

The J contour integral has been propésed by Rice in an effort to
characterize the elastic plastic-stress field around a crack. (72).
The derivation is based on determining the change in potential

energy when a crack is incrementally extended. Rice showed that this
energy term was equivalent to a path independent line integral around
the crack. The derivation is based on non-linear, elastic behaviour,
and it has been pointed out that the énergy concept does nét-apply to
a real elastic-plaétic material after general yield where a'signif-
icant amount of energy is dissipated as plastic work and is therefore
not available for crack extension. Finite eiéhent analysis has

shown that it does, however, retain its péih independence after

general yield, and so while its physical significance is lost, it

does continue to characterize the stress-strain field. (59).

b
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Finite element analysis has also verified the path independence of J
for a range of different geometry and loading conditions (73), and has’
enabled the area under a load/load point displacement curve to be
directly related to J. (74). This method has been further modified to

enable J to be estimated directly from load/clip gauge traces enabling

§ and J to be determined from one trace. (75, 76).

J is equivalent to the elastic energy release rate G in the linear
elastic range and is therefore related to K.

J=G-= l(2 (1 - v2

)
E
Because J is path independent, Jc at fracture can therefore be deter-
mined from a specimen beyond general yield and be used to calculéte
Kc for an elasticglly.loaded structure which in turn is used to cal;
culaté.c:itical crack sizes from:

K = const. o/ma

This then enables J to be used to calculate defect tolerances (75, 77).

Very little work seems to have been done to establish the.validity.of
Jc as a critical fracture parameter. Egan has shdwn that Jc varieé‘
with temperature in a similar manner to Gc using compact tension and
two bend geometries. (78). Begley and Landes (79) determined Jc for
two materials uging four specimen configurations and found that J

was substantially independent bf specimen thickness and configuration
although these results have been criticized because they did not con-
sider slow crack growth prior to instability which would invalidate
the results. (59). The problem of slow crack grewth was identifiéd'

in more recent work and a method for J testzng has been proposed

-

using Several specimens to extrapolate J versus crack exten31on back
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to zero growth giving a Jé value. Plane strain validity limits have
been proposed requiring B> 254, . (80).

a
y-

2.4.5 Jc and Gc as fracture criteria
Finite element analysis has shown that J is a valid extension of
linear elastic concepts, but similar treatments of & have lead to
problems in defining the exact COD analytically. (59, 73). J and ¢

are related by:

the constant M being geometry dependent and varying between 1.15 and
2.1. Turner and Burdekin conclude that J can be more readilyldeter-
mined by cﬁmputation because § is not rigorously defined but neither
concept is obviously incorrect. (59). There is a considerable amount
of -COD data available and as it has been used to formulate the basis
of a design approach, the use of the COD criterion cannot be easily
discarded. There appears to have been no similar linking of small
scale'J tests to large scale tests such as wide plate tests and the
whole Jé fracfure criterion has very limited experimental support at
this stage. Additionally there appears to be no widely accepted J
testing technique as opposed to COD where a standardized technique
is available. (81). Further work will undoubtedly clarify the sit-
vation, but until then it appears that a dual approach measuring Jc

and Gc (Gi and Gm) is desirable,

A relevant point was made by Harrison, who concluded that J, & and K,
corrected for plasticity, showed the same variation over a number of:

different materials and that they were obviously interrelatable. He



concluded that it was possibly more important to determine how these
parameters should be used to relate small specimen behaviour to
fracture in engineering structures, than to decide which paramecter

should be determined in a laboratory test. (82).

This survey has highlighted some of the difficuliies encountered in
attempting to quantify fracture behaviour, and it cannot yet be said
that the use of general yielding fracture mechanics is a straight-
forward laboratory procedure. In the work on weld metal embrittlement
described in Chapter 3, the use of the Charpy test was retainéd
because it requires minimal specimen preparation and testing
facilities. COD testing was also performed and from these results,
values of J were calculated. The accumulation of fracture mechanics
data was important for two reasons. Firstly, it would show if the
embrittlement behaviour shown in Charpy tests was accurately reflected
under conditions of slowly applied load in the presence of a sharp
notch. Secondly, and perhaps more importantly, a fracture mechanics
analysis can be used to quantify the amount of embrittlement. Using
Charpy data alone, weld metal embrittlement may well be detected,

but it is difficult to establish if it is significant as it cannot be

directly related to structural performance.
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CHAPTER 3  EXPERIMENTAL - HEAT TREATMENT VARIABLES AND EMBRITTLEMENT
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3.1 - Introduction _

The aim of the investigation was to establish if thé_three weld metals,
Bostrand 31, Linde 120 and AX140 were embrittled by post weld heat
treatment, to define the effects of heat treatment variables on the
severity of embrittlement and to identify the causes of embrittlement.
Thé experimental strategy adopted was to use extreme heat treatment
conditions to cause a large amount of embrittlement so that the cause
of embrittlement could be readily identified. Once embrittlement was
observed, further tests could be used to define more fully th; effects
of the heat treatment variables. If the embrittlement conditions‘
could be defined then post weld heat treatment cycles designed to
avoid embrittlement could be established, or alternatively, if the
embrittlement mechanism could be positively identified then appro-
priate compositional modifications could be suggested. In this
chapter, the effects of heat treatment variables on embrittlement
severity are examined, while the metallographic examination of the

embrittlement mechanisms is considered in Chapter 4.

The literature has indicated that both prec{pitation of alloy car-
bides and classical tempér embrittlement may contribute to weld
metal embrittlement. Both of these embrittlement mechanisms can be
expected to be dependent on time and temperature. Precipitation of .
alloy carbides can be considered in terms of an ageing curve where,
for a given time, a peak is observed in a plot of hardness.versus
treatment temperature. Increasing treatment time tends to incré;se
the peak height and move it to lower temperatures.’ This beﬁavibur

is consistent with the variation of the diffusion coefficienfé'of
carbon and the precipitating alloying elements with‘temperdfuéé.

Maximum embrittlement can be expeéted to be coincident with peak



hardness, (31). The degrée of temper embrittlement will also be dep-
endent on time and temperature with embrittlemant being sluggish at
low temperatures bezause of the low diffusivity of the responsible
impurities, while at high temperatures,the impurities are dispersed -
from the grain boundaries.  Embrittlement from each source can there-
fore be expected to be at a maximum over a specific temperature range,
and to increase with time., The initial experimental design was based
on establishing this range. Short and long tiwe treatments were used
to assess the time dependence of the embrittlement with 1 hour being
selected for the short treatment as it is the minimum post weld heat
treatment time usually used. A long time treatment of 5C hours wés
selected which would clearly indicate any embrittling tendencies,
even though it was well in excess of times used’in‘industrial-
practice.. The initial treatment temperatures were 4500, 550° and
650°C for times of 1 and 50 hours. The Charp} results -from these
treatments suggested further treatments to define embrittlement condi~-
tions more closely. These consisted of varying times at 550°C and -
the use of a slow'cooling rate, but these can be best understood when
discussed in terms of the earlier results. Full treatment details
are therefore left to the results section. Before they are examined,
the materials used and the experimental methods adopted will be

reviewed. o : .
3.2 Materials

The three weld metals examined were Bostrand 31, Linde 120 and'AX140
which were deposited using the submerged arc process and a fullyii
basic flux, OP41TT. " The welds took the form of full penetration
double "V" butt welds in 50mm. plate with HY80, HY100 and HY130

plate material being used respectively. All welding was carried out

<t
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by the staff of NCRE* and the welded panels wefe supplied in the as
deposited condition. The panels were initially 300mm. wide and
700mm. long. Details of the weld preparation and a2 macro of a
typical weld section are shown in Figure 11. The welding details are
shown in Table 2 and can be summarized as follows. A constant wire
size of l;Bmm. was used for each materizl with a constant heat input
of 1.18 KJ/mm. An additional panel of Bostrand 31 was supplied with
a‘heat input of 3.15 KJ/mm. The flux was baked at 100°C for 2 to 3
hours immediately prior to use and a preheat of 120°C with a maximum

interpass temperature of 150°C was employed for each material.

The chemical analyses of the weld metals, wires and plates are given
in Table 1. Weld metal analysis was performed using both vacuum
spark emission spectroscopy qnd conventional chemical techniques and
values are appropriately marked. Analysis was performed on weld
metals in the low dilution reg;on only. Nitrogen and oxygen were
determined by vacuum fusion,with nitrogen additicnally being deter-

mined chemically.

3.3 Experimental methods

3.3.1 Specimen location

All Charpy and COD specimens were extracted from the low dilution
region of the weldment as shown in Figure 12, The specimens were
located as close to the plate surface as possible, with the notch-in

the fracture specimens perpendicular to the plate surface, so that

* Naval Construction Research Establishment, Dunfermline, Fife,
Scotland.



the direction of crack propagation was parallel to the longitudinal
weld axis. There was one exception to thisiloca?ion for COD speci-
mens, To assist with development trials on the COD testing rig, COD
~specimens were cut from a Bostrand 31 panel supplied for Charpj speci-
mens. The panel had been sawn to size and the specimens were
extracted with the.main specimen axis parallel with the weld aiis, so
that the notch was normal to the plate surface but crack propagation
occurred transverse to the longitudinal weld axis. These Bostrand 31

specimens were known as the "B" series.

All tensile specimens (Hounsfield No. 12) were extracted from the low
dilution region with the tensile axis transverse to the longitudinal

weld axis.

Dawes has indicated that the least tough regioﬁ of a butt weld is the
high dilution region at the weld root and has recommended that this
region should be assessed in determining the limiting fracture para-
meters of a weld. (83). This study examined the low dilution region
only because it meant that the maximum use of available weld metal
could be made and because compositional variation along the.bead
would be minimal. In the weld root, the amount of parent plate
dilution would be expected to vary depending on the final geometry of
the back gouged grooveland the weld bead placement. This in turn
would cause %ighev scatter in the fracture results with some
associated uncertainty in the composition of individual specimens.
Additionally, as this investigation was a study of weld metal embrit-
tlement, the results from the low dilution region would give a - **
realistic upper bound to the fracture behaviour expected from thet £

weldment as a whdle.
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3.3.2. Heat treatment

All specimens were heat treated as sawn blanks and final machining was

carried out after heat treatment to ensure the removal of any oxidised
or decarburized material. All heat treatments were carried out using
an air circulating furnace. The absolute temperature and temperature
gradients 'in the furnace were measured using a calibrated thermoccuple
connected to a digital thermometer and were found accurate to within
+5°C, with temperature variation over a 50 hour period being less than
2°%. ALl specimens used to examine the effects of time and temper-
ature on embrittlement were water quenched directly from treatﬁent
temperature. The treatment time was measured from the time the speci-
men attained the required treatment temperature. A cooling rate of
100°C/hour was used to examine the effeéts of cooling rate and was

generated by stepping the furnace controller down 50°¢C every half

hour giving the required mean cooling rate.
3.3.3 Charpy testing

All specimens were machined after heat treatment to give final dim-
ension in accordance with standard practice. (84). Specimens were
fractured in an Avery testing machine and the results were used to
give energy absorbed vérgus temperature plots. As the majority of
tests were af‘non-ambient temperatures, an end setting jig was manu-
factured so that specimens could be accurately positioned on the test
anvil and fractured within 5 seconds of being removed from the low or
high tempeféture bath. Specimens tested at sub-ambient temperatures
were cooled in an insulated alcohol bath using solid CO2 as a coolant.

Bath temperatures were monitored using an alcohol thermometer..: -

(414
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3.3.4. - Analysis of Charpy curves

A conventional Charpy curve can be divided into three regionsj a low
energy absorbing shelf at low temperatures, a high energy shelf at
high temperatures and a transition range between the two. ' The lit-
erature survey indicated that upper shelf fracture is controlled by
the volume fraction of inclusions, the inter-inclusion spacing and the
work hardening exponent of the material. Heat treatment will not
alter the first two factor's, but may affect the third. The position
of the .transition range is a measure of the temperature dependence of
the materials resistance to low energy fracture modes guch as
cleavage. A tough weld-metal accordingly displays upper shelf
behaviour to low temperatures where the transition to alow energy -
fracture mode occurs, whereas a less tough weld metal with a similar
iﬁclusion distribution may give the same upper shelf level, but will
have a transition to a low energy mode at much higher temperatures.
The two weld metals can then be compared by the difference in
position of the transition range. Similarly, a measure of embrittle-
ment is made by determining the posiéion of the transition range
after a given treatment and comparing it with the position of the

transition range in the as deposited condition.

Charpy - curves are usually presented as‘a basically free hand curve
through the determined points. This is fairly satisfactory for-
wrought materials where the scatter is low, but in weld mefal testing
a high degree of scatter is observed and the free hand procedﬁve
becomes less satisfactory. .There is also a tendency for'thefcurve;"
to be presented without the experimental points giving no indication

of scatter. (7).:.If a large number of specimens are tested ‘a sig-

moidal scatter band would be obtained. The scatter is derived from.
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two principal sources, the first being experimental factors such as
variations inlnotch acuity, accuracy of positioning in ihe test fix-
ture and,accuracy of determining the test temperature and energy
absorbed. The second source of scatter is the inhomogeniety of the
structure being tested, the principal variables being the relative
wlumes of columnar and refined structure at the notch root and the

orientation of the columnar grains.

This can be illustrated by reference to Figure 13 which shows the

full face of a Bostrand 31 Charpy specimen with the notch running down
the left-hand vertical edge. The top two thirds of the notch is

sited in columnar grains, while the bottom third is in refined
structure. If the run placement had been different, there would have
been different proportions of coiumnar and‘refined structures, for
example, at position A, which has a higher refined content, or
position B, which has a lower refined content. A batch of Charpy
specimens used to obfain a single transition curve can be expected to
contain a similar range of structural variations at the notch root

and there is, accordingly, a source of scatter built into the test.

To deal with the problem of scatter, the following procedurs was
adopted. The transition range of the Charpy curve was approximated
to a straight line, the ?osition of which waS'locat;d by determining
the regression line for the points falling in the transition range.
Any point which was obviously on the upper or lower shelf was disf
carded. The inclusion or exclusion of points at the top of the
transition range which may have in fact been on the upper shelf did
not alter the position of the line significantly. This procedure
enabled a consistent appvoach'to be adopted in determining the

position of the transition range, rather than the arbitrary drawing .
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of a free hand curve which is prone to experimental bias, Similar

methods to that outlined have been used elsewhere, (85).

The availability of weld metal was limited and it was not possible to
use a large number of specimens for each Charpy curve. The advan-
tage of using large numbers of specimens would be questionable

becauqe the resu}ts ﬁould be prone to the same scatter sources and it
was felt that the improvement in precision would be small, It was
also considered that a high degree of precision was not as important
as obtaining a reliable comparison between the various heat treat-
ments, A minimum of 7 specimens was used to determine points in the
transition range and the regressicn equation and correlation coef-
ficients were calculated.

The degree of embrittlement may be defined as the shift in the trans-
ition range after a particular treatment, In this study, the shift
was measured in terms of the 55 joule (40ft/1lb.) energy absorbed
temperature (T55J). When this was plotted versus tréatmenf temperature,
it showed the transition range shift for a given treatment and also
gave an indication of the absolute toughness so that direct comparison
with other weld metals could be made. A typical plot is shown in
Figure 25. The selection of the 55 joule level is relatively arbitrary,
although it is convenient as it is 1/3 to 1/2 of the-upper shelf level
of the weld metals. This is not a particularly important issue
because'the transition regression lines are presented in the results
section and if other energy absrobed levels are required, they can

be simpiy acquired from the plots. In general, these will give the
same relative toughness. rating because the transition curves ;fe ‘
reasonably parallel. Varying Elopé will only cause a differenk(;

rating when the regression lines are closeiy bunched, which ‘indicates



that differences in.absolute toughness are small anyway. It will
also be noted on the T55J versus treatment temperature plots, that
straight lines have been used to join individual datum points when in
fact the true behaviour would be more accurately represented by a
smooth curve. Straight lines have been used to indicate that no

information was acquired for the intermediate regions and the straight

line approximates the expected trend.

The T, ; plots (for example, Figure 25) also include the 90% con-
fidence limits of T55J which in some cases appear to be large, span--
ning up to +13°C. This scatter'was primarily due to structural
variation at the notch root as previously discussed, and is magnified
because the confidence limits represent a horizontal section across
the transition curve. The 90% confidence limits were calculated on
the basis of the method suggested in reference 86. The sample
variation of y on x (energy absorbed oﬁ temperature), Sy/x’ was deter-

mined for each transition curve from the residual sum of squares.

2 . - _ 2
n w2
where y = aj, ta; x

n =~ number of tests

y = energy in joules

X - temperature in °c

a_ = coefficient

a, -~ coefficient
.As a confidence limit on femperature was required, the confidence
limits for y (energy) were calculated and divided by the slope of

the curve a; . The 90% confidence limits were therefore given by:

58



* ?QO%, n-2) Sz/x

a, /n

Values of tg0s. p-2 Were taken from tables of percentage points on the
?

"t" distribution.
3:3:5 COD testing

3.3.5.1 Specimen size

British Standards draft for development D.D.19 was used as a basis for
COD testing. (8l). The symbols used in D.D.19 are consistent with
those used in the literature and have been adopted in this work. All

fracture mechanics symbols are listed in Appendix 1.

D.D.19 recommends a preferred geometry specimen defined as:

W=2B, a/W=0.5, S =4W

where W - specimen width
B - specimen thickness
a - crack length
S - span between supports in 3 poict bending.

The specimen should be of full plate thickness and contain a fatigue

crack.,

It was considered that full thickness tests were impractical due to
the prohlbltlve mxterlal requ1rement and because it was doubtful if
the_avallable machlnc capacity of 50 KN would be sufficient to -
fracture‘the specimens. The disadvantage of testing less than full

pla‘l:e thlckness spec;.nens was somewhat offset by the posslbllity Of

- g . i

determinlng 6.. the COD at crack 1n1t1atlon. Full thlckness te ts

- v '
.'.-,;,.‘ w e
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are recommended because Gm, the COD at maximum load, decreases with
increasing thickness. Smith and Knott (70, 71) have explained this
variation in terms of crack initiation and growth. When crack growth
is by microvoid coalescence,'éi, appears to be indegéndent of specimen
thickness. Crack growth begins in the centre of the specimen where
stress triaxiality is highesf and as crack growth proceeds, the un-
cracked outer ligaments work harden, carrying some of the total load.
Final instability at Gm-occurs when the change in specimen ioad carry-
ing capacity due to.the'extending central crack more than offsets the
increasing load carryihg capacity of the outer‘ligaments. ‘The thick-
ness of the outer ligaments was found to be relatively constant at.
2mm, and so as the total specimen thickness increases, the relative
load carrying capacity of the uncracked regions diminishes and Gi
approaches Gm. The detection of Gi in the present work could there-
fore be reasonably expected to give a thickness independent frécture

parameter, at least in the upper shelf region of the curve.

The situation is less clear in the lower shelf region where fracture
occurs by‘cleavage on some other low energy mode. Knott (58) has
shown that while sufficient triaxiality may exist in a speciﬁen to
give a macroscopically flat fracture, the principal tensile stress

may not have reached its limiting plaﬁe_strain value and further
increases in thickness may lower the fracture stress. Less than full
thicknegs spécimens couid therefore overestimate lower shelf fracture
parameters but at least they will give an upper bound value and any
indications of embrittlement observed in thin specimens can be confid-

ently expected in full plate thickness specimens.

A specimen thickness of 10mm. was selected as it ‘allowed economical

use of material and could be fractured with the available machine
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capacity., As it was the same thickness as the Charpy specimens it
meant that the same order of scatter due to microstructural variation
at the notch tip could be exﬁected. This point is also relevant to
the discussion of the relative merits of full thickness testing. In
section 3.3.1 it was stated that the test criterion was the study of
embrittlement in low dilution weld metal only. If full thickness
tests had been carried out then the full joint,including the possibly
less tough high dilution root area would have been tested which would
have made direct comparison of the COD and Charpy results less valid.
-The principal specimen dimensions are shown in Figure 14, Thé
machined notch was 6mm. deep which was extended by fatigue cracking

to 10mm, to give a final a/W of 0.5,
3.3.5.2 Fatigue pre-cracking

D.D.lg‘recommends that COD specimens should be fatigue cracked as 61
aﬁd Gm are known to increase with notch width (71). All fatigue
cracking was carried out on an Amsler Vibraphore with a 20 KN
capacity. The fatigue crack waé nucleated from a sharp machined V
notch with a typical radius of 0.05mm. While cracks were réadily
nucleated, they did not usually grow with the crack front normal to
the specimen surface, even in apparently stress religved specimens.
The growth of non-uniform fatigue cracks has been observed in full
thicknegs asldeposited weld metals and has been attributed to
residual stresses. Dawes has recommended a mechanical stress |
relieving treatment to overcome the prcblem which entails.locally
compressing the material at the notéh tip to just beyond yield stress.
The residual stress pattern so formed enables straighter fatigue

cracks to be grown without affecting the COD determined. (87). A
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10mm. diameter punch was.used to compress the material at the notch

tip on one side only. The compression load P was determined from the
relation:

P=1.4 32 )

cy - weld metal yield stress.
Reduction in specimen thickness was typically 0.3 - 0.6%. The com-

pression technique enabled much straighter fatigue cracks to be grown

and reduced specimen wastage to reasonable levels.

The maximum load used to initiate a fatigue crack was 8 KN which was
progressively decreased and the last lmm. was grown at loads of
3.6 KN which gave a fatigue stress intensity facter, Kf,l of é? MN/t.nS'm.
D.D.19 recommends that the fatigue stress intensity should not exceed
the plane strain limit given by:

IKf < 0.63 oy p?

2
The lowest yield stress of any material tested was 648 MN/m which

gave a limiting K. of 40.8 MN/malz, so that the fatigue stress intensity

3/2

used (27 MN/m™"".) was only 2/3 of the limiting value and was there-

fore also valid for ch testing. The loading frequency was 110 cycles

per second and cracking took approximately 20 minutes per specimen.

All crack lengths were measured on a projection microscope after COD
testing and the results were rejected for any specimens containing
cracks outside the limits 0.45 <a/H < 0.55 and having greater than

5% curvature.



3.3.5.3 COD test rig

All COD testing was carried out on a 50 KN PHandG servo hydraulic
testing machine. In this machine, load is applied by a hydraulically
loaded actuator which is controlled by a servo valve in a closed loop
feedback circuit. Control is achieved by comparing a command voltage
with a signal from the machine (load or position) and the servo
valve dfivgs ;he actuator until the signals are balanced. A con-
stand load point displacement rate is achieved by generating a
steadily increasing command voltage using a motor driven potentio-
meter and comparing it with the voltage from a displacement transducer
mounted on the actuator. As-the command voltage is steadily
increasing, the actuator is driven up and various displacement rates
are obtained by varying the speed of thé motor driven potentiometer.
A displacement rate of lmm./minute was used for all tests,

While this system is ideal in theory and provides a high stiffness
loading.system, considerable problems were encountered with the Mand
machine. These were manifest as large and random rapid movements of
the actuator which were caused by electronic noise emanatingffrom

a number of sources. Considerable time was spent tracing and reduc-
ing these noise levels and the author is of the opinion that if this
type of control system is to be‘used, considerably more attention
needs to be devoted to the quality and stability of the feedback

circuits as noise entering at any point can cause actuator movement.

Specimen bending was carried in a three point bending rig designed.
to comply with D.D.19. - Specimen loading was through floating 1Omm.
rollers which-were electrically insulated from the rest of the.rig. - ;-

While only.one specimen geometry was to be tested, the fixture was: ',
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designed to be adjustable using a method suggested by NCRE so that
preferred geometry specimens up to 25mm. thick could be tested. All
specimens tested at sub-ambient temperatures were fractured in an
insulated alcohol bath cooled with solid 002 additions. Tempera?ure
was monitored by a chromel alumel thermococuple spot welded to the
specimen immediately beside the fatigue crack tip. Bath temperature
was also monitored with a thermometer and the observed temperature
difference did not exceed 2°C. Specimens were held at temperature for
a minimum of 5 minutes prior to testing and temperature drift during
a test was less than 2°C. A general view of the testing machine and
instrumentation is shown in Figure 15 and a close up of the bendihg

fixture showing specimen location, thermocouple and potential drop

leads is shown in Figure 16.
3.3.5.4 Clipugauge linearity and drift

COD measurements were determined from clip gauge openings, the clip
gauge being mounted across the crack on two knife edges screwed to
the specimen as shown in Figure 16. The clip gauge used four 300chm
strain gauges connected in a bridge network, the signal from which
was amplified and fed to an X-Y recorder where it was plotted versus

load to give a load/clip.gauge opening or, P/V curve.

The .clip gauge was linear over the range 8.8 to 10.5mm. which was

well in excess of the testing range required. A constant.initial;:;
knife edge spacing of 8.9mm. was used for all tests. The low .temp-.:
erature clip gauge dr;ft at -60°C was found to be 0,005mm. ﬁver_aﬁs;
minute period.  The ‘testing procedure was such that the clip

gauge was only placed on the knife edges after temperature stabilization,

and the test immediately commenced,and the drift over the testing time



of typically 3 minutes,was considered negligible.

3.3.5.5 Calculation of COD

The critical COD (§; or Gm) was determined by converting the clip
gauge opening to COD at the notch tip using the Well's equations (81),
the accuracy of which have been confirmed by various workers using
finite element analysis (73) and by experimental observation (88).

The equations can be expressed as follows:

S8 = 0.45 (W-a) V- Yo W1 = v\ eee.. (1)
0.45W + 0.55 a + 2 Y =
2
~where V ) ZYovw(l-v)
/o ] E

0."‘5 (W“a) . VQE ' \._t'u'. (2)
-0.45W + 0.55 a + 2 chy Ww(l - v“)}

where V £ 2 Yay W1 - v2)
. . E
v - clip gauge opening
vV, - meon " at initiation
v = -~ " " at maximum load

'z = knife edge height

E =~ Young's modulus

v - Poisson's ratio
Y is a non-dimensional function of a/W and values are tabulated in
D.D.19. COD was calculated using a programable desk top éalculator.
Values of a, o and V (either V; or Vm) were fed into the-p?ogram-and
Y was calculated for the given value of a/W by interpolation between

- the values given in D.D.19. The program then calculated

2 Tay w(l - vz), compared it with V and selected the appropriatei
= _




equation to calculate §, the print out indicating which equation had

been used.

The value of yield stress used in the equation was that determined at
QO?C, but should strictly have been determined at the test temperature
in question. This means that for sub-ambient tests, the calculated
COD was above that which would have been determined.if the.increase in
yield stress with decreésinﬂ temperature was considered. The mag-
nitudé of the error was calculated and found to be insignificant at
temperatures down to -75°C, the lowest test temperature used, and this

error source was ignored. The calculations are shown in Appendix 2.

As a check that the calculations were gl?lng a fair estlméte of the
actual COD four speclmens of Bostrand 31 with the notch transverse

to the weld axis, (the "B" series) were loaded to points before and
jugt after crack initiation, unloaded and the final clip gauge opening
was used to calcﬁlafe the plastic compénent of Fhe COD, This was
compared with the value measured on the specimén surface_using a pro-
jectién“microscdpe. The measured and calculated values are listed in
Table 3 and show‘reasonable agreement. The.error range of tﬁe
measured value is due to uncertainty in locating the ex%ct corner of
the fafigue crack/plastic opening junction.

§.3.5.6 Determination of COD at initiation-&i

There are two methods of determining 6.. In the first method

5pecimens are loaded to increa51ng valucs of v, unloaded and heat

e

tinted. The specimens are then fractured at low temperatures and the

ok 2 - - -0t

crack growth revealed by heat tintlng is measured. Crack growth iS



then plotted versus V and the curve extrapolated to zero crack-growth
to give a value v, from which 84 is determined. While the method
gives an unambiguous estimate of 61, it was not used in this work
because it would have prohibitively raised the number of specimens
reﬁuired. Additionally, weld metals confain éignificantly variable
structures at the notch root and it was unreasonable to expect the
form of the P/V curve to be sufficiently similar from specimen to

specimen to enable valid extrapolation.

The alternative potential drop technique was used which theoreticélly
enabled a §, value fo be obtained from one specimen. This technique
utilizes the phenomenon that the resistance to current flow in a
specimeﬁ increases with crack growth. A constant current iS passed
through the specimen and thé voltage between two probes attached on
e%ther-side of the notch is plotted versus V. When crack

initiation occurs, there is an inflection in the potential trace
which defines A and hence 8y The method has been fully described
in the literature (81, 89) and has been reviewed by Holder. (90),

A feedback controlled, constant current source was used to give a
current density of O.i Amp/mm2 at the notch plane and voltage was.
measured across two probe wires spot welded diagonally across the
notch. A millivolt source was placed in series with the probe wires
to back-off the voltage generated across the crack so that the small
voltage changes due to crack growth could 5e amplified. A DC
amplifier with a gain of 105 amplified the signal which was fed onto
the Y axis of an X-Y recorder to give a £inal sgnsitifitf of 0.4
microvolt per mm. Potential was plotted against clip gauge oﬁéﬁinz
V. Potential was measured .across platinum probe wires )

soldered to heavy gauge cdppe:‘ leads which were twisted togéthér'to

67
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minimize noise. With the probe wires shorted out, the noise level was
0.5 microvolt, this being mainly 50 cycle hum from the DC‘amplifier.
Current was carried to the specimen by heavy gauge copper wires screwed
to the specimen to give a constant contact resistance. The location

of the ‘current carrying leads and voltage procbe wires can be seen in

Figure 16.

Early trials, especially with the specimens immersed in the cooling
bath, revealed excessive voltage drift which was traced to thermo-
couple voltages generated at the probe-specimen junction. Th; plat-
inum probe wires were replaced by iron wires and the specimen ’
relocated such that the surface of the specimen was lmm. above the
bath, so that coolant movement could not cause variations in fhe
junction'femperature. Although this considerably improved the
stability of the signal, the system was still-subject to random
drift of * 3 microvolts gvér 10 - 20 seconds which was thought due
to instabilities in the power supply. Continual adjustment during
the testing program did not satisfactorily resolve the prcblem and

while some traces were drift free, others had to be discarded.

The other major problem encountered was relating the potential/vVv

trace to the P/V trace. The basis of the method is the detection

of a change in slope in the potential/V trace, where potential is
thought to vary linearly with V until crack growth occurs. A factor
which also causes a change in potential is the growth of £he plastic -
zone from the notch across the specimen. This was also thought to.
cause an inflection iq the trace and consequently there weré two
inflection points, the first occurring around géneral yield and a
second corresponding to crack initiation. This was particularly’ "

noticeable with Linde 120 when fractured-in the upper shelf region.
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During early trials using Bostrand 31, some specimgns were fractured
just after general yield and after an observed inflection in the
potential/V trace and no crack growth was detected. To overcome this
pr'oblem,_ﬁi was defined as the last inflection before maximum load.

A trace showing this double inflection is shown in Figure 18. This

phenomenon has also been reported elsewhere., (91).

The ease of detection of.éi was also dependent on the material. This
is best illustrated by reference to Figures 17 and 18 where it can be
seen that as deposited AX140 has a.very peaked P/V curve and ;here
crack initiation was detected just before maximum load giving a lérge
inflection. The.rapid decrease in load was indicative of rapid

crack growth as the potential/V trace indicates. The.behaviour of
Linde 120 and to a lesser extent, Bostrand 31 was markedly different.
The P/V curve was very flat with a gradual climb to maximum load,
followed by an equally gradualldecrease anﬁ few specimens actually
fractured within the clip gauge range. If the potential trace was
sufficiently stable to detect initiation, a very small inflection
was observed; this was consistent with the gradual decrease in load
indicating very slow crack growth and hence crack initiation was
very difficult to detect. The few satisfactory potential traces
obtained for Linde 120 indicated that crack initiation preceded

maximum load by a small amount,

The detection of Gi under conditions of slow crack growth Qas considered
to be the least satisfactory aspect of the work, and tke zuthop is .

of the opinion that further development of the potential drop
technique ﬁs required before it can be used to give reliable_
estimates of,ﬁi. Similar_resepvations have been voiced elsewhere in

the literature. (58, 80). While attempts were made to detect §; in



every test, results are only quoted in cases where the trace was suf-

ficiently stable and where Gi seemed clearly defined.
3.3.5.7 The "pop-in" phenomenon

A feature observed during the testing cf some of the weld metals,
particularly the 3.15KJ/mm Bostrand 31 weld and saveral embrittled
welds, was the occurrence of small bursts of crack growth similar to
the so-called plane strain "pop-ins" observed in ch testing. These
were manifest as small steps in the P-V trace accompanied by a slight
decrease in load, a simultaneous step on the potential/V trace and an
audible "click". The bursts of crack growth could occur at COD |
values as low as 10% of the maximum load COD (specimen H1/4). D.D.19
specifies the critical COD as that at which crack growth first occurs,
so consequently the pop-ins were used to define'ﬁi in the absence of
a previous inflection in the potential/V trace. It should be noted
that the pop-ins were probably associated with a burst of crack
growth and subsequent arrest while 51 values imply the ini£iation of
stable and continuing slow crack growth. For the purpose of a clear
definition, the values of §, deterﬁined from a pop-in are ciearly
distinguished from those due to stable crack growth in the tables of

results.

3.3)5.8 Determination of COD at maximum load - Gm

- The clip gauge opening at the highest load reached was used to deter-
mine Gm.‘ Where the maximum load reached a plateau indicating stable
crack growth, the reading at the beginning of the plateau was used.

Haximum load readings fell into three categories, fracture on:a::*
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rising load curve, fracture on a rising load curve preceded by pop-ins
and a maximum load plateau as shown in Figure 19. Fracture on a
rising load curve is appropriately marked in the tables of results.

A problem arose in deciding whether the bursts of crack growth which
preceded fracture were significant, since the potential trace
indicated that the crack had subsequently arrested and considerably
higher loads were reached, suggesting that Gm defined as the pop-in
COD would give an unduly conservative estimate. As the size of the
pop-ins varied a cut-off point was defined to classify the results.
If the clip gauge opening accompanying a pop-in was less than 0.025mm.
which corresponded to a COD of 0.0004mm., the pop-in was ignored

and the maximum load reached was used to calculate Gm; If the gauge
opening was greater than 0.025mm., it was coﬁsidered as § . In most
cases where this occurred, the final maximum load reached was only
10 - 20% higher than the pop-in load and while the magnitude of the
discriminating pop-in size is arbitrary, it does reasonably reflect
specimen performance. The issue of whether the pop-in COD or Sm is
more relevant in estimating defect tolerance is discussed in

section 5.2,
3.3.6 Determination of the J contour integral

There were a nunber of alternatives available for determining J. Two
possibilities entailed the use of published finite element solutions
for preferred geonetry thgee point bend specimens (2B = W, a/W = 0.5).
Hayes (92) has evaluated the variation of J with load, but his
solutioﬁ was not used inl;his work becauﬁe the fracture ioad

variations were small and it was felt to be an insufficiently sens-

itive parameter., Sumptér (75) has evaluated the variation.of J W%th_

by - !
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clip gauge opening V.for both plane strain and plane stress, assuming
- work hardening. While this conversion was not used directly, his
results were used to calculate the variation of non-dimensional J
with non-dimensional § and the J values actually neasured were super-

imposed on the plot for comparison.

The method adopted for J determination was bascd on Sumpter's
derivation (75, 76) relating the area under a load - load point dis-
placement diagram UP-q’ directly to J’which for the preferred 3 point
bend geometry reduces to: l
J= 21U
B(W-a)
UP_q - Area under load, load point displacement diagram.
The relation is not sensitive to small variations of crack length
around a/w = 0.5 and therefore,the preferred COD geometry is ideal
for calculating J.. The COD testing provided a P/V trace and to con-
vert the area under this trace to the equivalent P/q area (UP_q) the
relation suggested by Dawes was used where load point displacement is

geometrically related to clip gauge opening V.

q = W(V-§)®
atz
eJd= q 2 (U, )
V' (W-a)B PV
= 2 W(V-8)

(U, 4,)
BV(atZ)(W-a) e

The area UP_v shown in Figure 19 was determined by measuring load co-
ordinates on the P-V diagram and the area calculated on a desk top
calculator by numerical infegf&fion; Because of the difficulties in

obtaining uneqt.t:i.vc:cal‘iS:.L values for each?test, ﬁn values were used in
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the calculations. While this is reasonable for fracture occurring on
a rising load curve, it meant that J was over-estimatad for weld
metals exhibiting stable crack growth. Some calculations were also
performed forhé1 values at around OOC, giving a lower bound estimate
of J and these were found to be only slightly lower than those cal-
culated using § values. The values of J are shown in the results

tables and will belreferred to in more detail in the results section.

‘3.4  Hardness and tensile results

Hardness values were determined on low dilution samples of weld metal
in the as deposited condition and after 1 and 50 hours treatment in
the 450 - 650°C range., The hardness values plotted versus treatment
temperature are shown in Figure 20. Each point is the mean of 10

readings on each sample.

The Bostrand 31 weld metal shows a strong secondary hardening peak at
610°C after 1 hour, with the degree of hardening increasing and the
peak moving to 550°C after 50 hours. The peak hardness developed

after 50 hours, 290 HV30, was slightly higher than the as deposited

hardness of 283 HV30.

The Linde 120 did not reveal any secondary hardening peak after
1 hour with the hardness steadily decreasing above 550°C. A small -

PQAk was ObSGPYéd at 500°C after 50 hours with the hardness decreas-

ing more rapidly above 550°C.

AX140 did not show a secondary hardening peak after treatment'times’

of 1 or 50 hours. Hardness decreased rapidly above 550°C with the’
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50 hour treatment giving a consistently lower hardness.

The tensile results generally reflected the trends observed in the

hardness results. Tensile data is presented in Table 4 which shows

the means of duplicate tests. The yield to ultimate ratio is also

stated which is a measure of the work hardening capacity of the

material, The variation of yield stress with treatment temperature after
1 and 50 hours is shown in Figqre 21 along with the minimum

parent plate yield strength requirement. All materials gave clearly

defined yieldlpoints except for the 650° - 50 hour treatments where

yielding was continuous and the 0.2% proof stress was determined.

The yield stress for the higher heat input Bostrand 31 weld metal in
the as deposited condition and after SO hours at 550°C is included

with the 1.18 KJ/mm heat input material.

Secondary_hardeﬂinglis again apparent in the Bostrand 31 material.
While the yield stress was not as high after 50 hours at 550°C as
the hardness results would suggest, there was a pronounced drop in
elongation. The yield stress was well in excess of the design

requirements up to 650°C.

The Linde 120 results did not-reveal any significant secondary hard-
ening, but showed a decrease in yield stress above 550°C. The 550°¢,
50 hour yield stress was above the design requirement while the 650°C
value was below it.

The yield stress of AX1u40 after 1 hours treatment was geneqally ju§F

above the minimum plate yield up to 5§50°C, after which it decreased.

1 . AT



The yield stress was' consistently lower after the 50 hour treatment and

fell below minimum plate yield above 450°¢c,

-

3.5 Charpy results

3.5.1 The effect of treatment temperature and time

The results of this part of the work are presented in a number of

ways which require some explanation to avoid confusion. ‘Basically,
eacﬁ weld metal was held at temperatures of 150, 450, 550 and 650°C
for periods of 1 and 50 hours and were water quenched. The Charpy
curves for the 1 hour treatment are presented on one plot while the
curves‘forithe 50 hour treatments are presented on a second plot.

Each plot also includes the actual Charpy points so that a visual im-
pression of scatter can be gained. 'The occurrence of four curves with
points on one plot appears confusing, but the pointsfare clearly dis-
tinguished and do enable direct comparison. The comparison is more
clearly illustrated on a third plot where the temperature corres-
ponding to 55'jouleé energy absorbed (TSBJ) is plotted versus treat-
ment temperature. This shows the shift in the transition range
after treatment with the amount of embrittlement increasiﬁg as T55J
increases. All actual Charpy: point co-ordinafes are listed in

Table 1%, It will also be noted from the Charpy transition curves
that some upper shelf levels are shown and these in turn show the
Charpy peints which were not used to determine the regression
equation, as they’were outside the transition range. Additionally,
the three as deposited weld metal transition curves are plotted'inh
Figure 22 so that direct comparisons between the weld metals can be °

made.  These’lines are also shown on the 1 hour treatment Charpy |

transition diagrams as ‘a dotted line.
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Bostrand 31 (1.18 KJ/mm)

Transition curves were determined after treatments at 150, 450, 550
and 650°C" for 1 hour and 50 hours, the specimens being water quenched -
from treatment temperature. The 1l hour transition curves are shown in
Figure 23 and the 50 hour curves in Figure 24. The regression

equations, correlation coefficients and T are listed in Table 5,

55J
Comparison between the treatments is shown in Figure 25 where treat-

ment temperature is plotted versus TSSJ for the two treatment times. .
This indicates that significant embrittlement occurs after 1 hour at
550°C with a further large increase after 50 hours, Embrittlement

is also observed at 650°C after 1 hour, but there is a nett toughness
improvement after 50 hours. This is consistent with the hardness
results which indicated an increase in peak hardness and the peak
shifting to lower temperatures with increasing time. The improvement
in toughness after 50 hours at 650°C is consistent with the overageing
observed on the hardness curve and in fact,upper shelf levels were
achieved in the testing range. The elevation in upper shelf energy
is attributable to the higher work hardening capacity shown.by the

tensile results.

Linde 120

The heat treatments used were identical to thcse for Bostrand 31 and
the 1 hour and 50 hour transition curves are shown in Figures 26 and
27 with_TssJ’versus treatment temperature in Figure 28. The reg-
ression equations and correlation coefficients are shown in Table 6.

. Comparison with Figures 25 and 31 indicates that the general level of
: foughnesé of Linde 120 was significantly higher than either that of
Bostrand 31 or AX1HhO, - There‘wgs a small decrease in toughness at:
450°C, but this'was within the experimental scatter range and it was

not considered significant.



AXL4O

The same heat treatments were again used.and the 1 and 50 hour trans-
ition curves are shown in Figures 29 and 31 with +he TSSJ versus treat-
ment temperature in Figure 31,  The regression equations and cor-
relation coefficients are listed in Table 7. The 1 hour treatment. did
not cause a significant toughness change up to 5350°C with an increase
in toughness at 650°C, which is consistent with the averageing
observed on the hardness plots. The 50 hour treatment indicated

embrittlement at 450°C which increased markedly at 550°C,
3.5.2  Effect of time at 550°C - AX140 -

The AX140 weld metal did not appear to be embrittled after 1 hour at
550°C, so further samples were treated at 550°C for 2 hours and 10
hours and water quenched.. The 2 and 10 hour regression lines are

shown in Figure 32, ‘Figure 33 is a plot of T versus log time and

55J
shows a steady increase in embrittlement up to 10 hours, with a more
rapid increase between 10 and 50 hours. These results indicate that
the embrittlement reaction is sluggish and that the degree of embrit-

tlement is low for treatment times up to 10 hours.:
3.5.3 Effect of cooling rate - AX140 - Linde 120

All the previously examined Charpy results were obtained from water
quenched samples. The effect of cooling rate was investigated by
comparing Charpy results obtained after cooling at 100°C/hour with. ' "
the water quenched results. Previous results indicated that embrit-.
tlement of AX140 was sluggish up to 10 hours at 550°C so batches-ofﬂJ
AX140 were treated for 2 and 10 hours at 550°C and cooled at-100°C/

hour. Specimens of Linde 120 were also included to see if any

-
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embrittlement occurred, even though the water quenched results ind-
icated only a small level of embrittlement. The Linde 120 regression
lines and Charpy points are shown in Figure 3%, The AX140 slow cooling
regression lines are shown in Figure 35. The regression equations are
included in Tables 6 and 7 respectively. Figure 33 illustrates the
variation of embrittlement with treatment time at 550°C and cooling

rate. ' Slow cocoling from 550°C increases embrittlement in Linde 120

and AX140.

" 3.5.4 Summary of Charpy results
Both AX140 and Bostrand 31 were significantly embrittled by treatment
at 550°C. “‘Significant embrittlement was found for Bostrand 31 after
1 hour whiéh'further increased after 50 hours. Embrittlement of
AX140 at 550°C was sluggish, but a high degree of embrittlement was
observed after 50 hours. A small amount of embrittlement was noted
for Linde 120, but was relatively insignificant whenzcompared with
the other two weld metals.
Decreasing cooling rate from 550°C increased the amount of embrit-
tlement in AX140 and Linde 120. However, the amount of embrittlement

in the latter remained small.

3.6 COD results

Rt °
The Charpy results indicated that embrittlemept occurred in the 450°
to 550°C temperature range -and was greatest after the 50 hour treat-
ment. COD tests were performed to establish if the degree of embrit-

tlement suggested by the Charpy’results was observed under conditions
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of a slowly applied load in the presence of a sharp notch, and to

obtain data from which estimates of defect tolerances could be made.

Tests were carried out on weld metals in the as deposited condition
and.after 50 hours at 450, 500 and 550°C followed by water quenching.
The 500°C treatment was omitted cn the AX140 material. Tests were
also performed on the high heat input Bostrand 31 (3.15 KJ/mm)
material in the as deposited cendition and after a 550°C - 50 hour
treatment. .Tests were not performed on materials heated to higher
temperatures because the tensile results indicated that a.marked loss

of strength occurred.

All COD data is tabulated in Tables 8, 9, 10 and 11, and some-of the
data is plotted in Figures, 36, 37, 38 and 39. It should be noted
that the lines on these figures are to illustrate trends rather than
show lines of best fit. The points plotted in these figures are
mainly ﬁm values, although some Gi values.correspcnding to slow crack
growth are included and linked to the relevant §  values. Si values
corresponding to "pop-ins" are not included on the graphs, but are
appropriately marked in the tables. These figures also show'the

COD values used for the defect calculations in section 3.8,

Bostrand 31

As deposited.am versus test temperature from the 1.18 KJ/mm weld
metal is tabulated in Table 8 and plotted in Figure 35, which also .
includes data from the B series (transverse notch) tests. The .
results for the 550°C - 50 hour treatment are also included and‘SEpw'
a clear reduction in GmL The results for the 450° and 500°C treat-

ment are omitted for clarity but fell between the two curves.
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ﬁm for the 3.15 KJ/mm heat input weld in the as deposited condition
and after 50 hours at 550°C is shown in Figure 37.(Table 9). The
highgr heat input weld shows appreciably higher scatter and this is

" thought to be directly related to the larger weld run size which
caused a greater structural variation at the notch root. The points
can be reasonably interpreted as indicating an upper and lower bound,
with the lower bound being due to a high proportion of columnar

grains at the centre of the notch. The lower values of the 3.15 KJ/mm
weld were below those of the 1.18 KJ/mm weld when tested in the same
direction, indicating a lower as deposited toughness with increasing
heat input although the 3.15 KJ/mm results were similar to the trans-
verse notch 1.18 KJ/mm results. The embrittlement due to heat treét-

ment is again clearly apparent.

Linde 120

Figure 38 shows the variation of S, and 85 with test temperaturé for
the weld metal in the as deposited condition and after heat treat-
ment at 450, 500 and 550°C. All the test results have been
included on‘one plot to demonstrate clearly that any embrittlement

in the 450 to 550°C ranée is minimal. The test details are shown in
Table 10. The general level of Gm is higher than that of as dep-
osited Bostrand 31 and the transition to the lower shelf occurs at lower
temperatures. There is a tendency for the 450°C values to be lower
than the as deposited values, while the 550°C values tend to be
higher. While further tests could have confirmed these trends, it is
felt that there is sufficient data to conclude that any embrittle-l“ﬁ
ment was minimal especially when compared with the clear indica%ioﬁé

found for Bostrand 31 and AX1lyO0,

o 1



AX140

The 550°C treatment caused a clear reduction in Gm which is illustrated
in Figure 39. The 450°C results are not included but fell midway
between the two curves (Table 11). The as deposited curve. is very
flat, showing a low temperature dependence with the 550°C - 50 hour
results lying below it. The as deposited S values were significantly

lower than the equivalent Linde 120 and Bostrand 31 values.

In summary, the COD results clearly reflected the trends observed in
the Charpy tests showing that significant embrittlement occurred at
550°C for both Bostrand 31 and AX140, and that embrittlement of Linde

120 over the 450 - 550°C range was minimal.

3.7 J integral results

J was evaluated for the as deposited tests and the treatments that
showed maximum embrittlement and the values are included in Tables 8,
9, 10 and 11. Hést J values were calculated using Gm values, although
at least one upper shelf estimate of J based on crack initiation has
been made for each weld metal in the as deposited condition. While
the neglect of initiation does lead to an over-estimate of J in some
cases, the magnitude of the error is fairly small as can be noted by
inspecting the tables. In the embrittled weld metals, crack

initiation did not occur until maximum load was reached.

The variation of J with temperature and heat treatment reflected the
variation of Gm and no new useful information can be shown by plot-.
ting the values. ‘'Instead, the -J values were converted to non .

dimensional J and-plotted versus non dimensional §, (Figure 40).
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This plot includes every J value irrespective of weld metal type or
degree of embrittlement. The effect of embritthment is to lower J
and § values towards the origin. Sumpter's plane strain and plane
stress finite element solutions are included for comparison. (75).
The results generally fell between the two curves, tending to be much
closer to the plane stress solution as would be expected for this
thickness. As the value of non dimensional § decreased below 2, the
results deviated below the plane stress solution when they would have
been expected to approach the plane strain solution. It has been
suggested that this déviation is due to undetected slow crack growth.
(82). This is not the case in this instance, because the deviation
is at low values of & which correspond to fracture on a rising load
curve, in, or just beyond the linear elastic range where crack

gfowth was rapid and clearly defined. To confirm the deviation,

. values of J and § were determined at regular intervals along a single
specimen P-V curve (specimen G1/3) and are shown plotted im Figure 41,
,where the deviation at low § values is again apparent. This is
probably best explained by the tendency for the Wells equation to
over-estimate § at low values as found experimentally by Archer. (88).
The effect of the non detection of initiation can also be se;n on the
plot. If initiation is neglected, higher values of & -and J further
up the plot will be obtained, but there will be no tendency for it

to deviate below the plane stress solution. The discontinuity in

the plot coinciding with general yield should also be noted.

. The question of plane strain validity limits for J testing was -
mentioned in section 2.4.4., It is not possible to show these limits
on the diagram as they vary with'cy.-7CélCulatidns showed that 'all

tests met the minimum level suggested which can be statal’ as: .
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(W-a)> 25J

Some of the tests, particularly the Linde 120 and Bostrand 31, as
deposited (Specimens Gl/- and D1/~ respectively) did not meet the
more stringent requirement (82):
(W-a) > 50J_

g

y
However, Figure 40 clearly illustrates that J varies in a similar
manner to § and that the experimental determinations are in good.

agreement with the finite element predictions.

3,8 Calculation of defect tolerances

3.8.1 General considerations

The advantage of fracture mechanics techniques over methods like the
Charpy test , is that they can be used to calculate the defect tol-
erance of a material, and so direct compariscrsof the fracture
characteristics of materialscan be made. In this section, the
defect tolerance.in terms of the critical crack size a is calculated
‘fof the weld metals in the as deposited and embrittled conditions,
assuming an operating temperature of 0°¢ and a working stress of 2/3
minimum plate yield. The as deposited COD values represent upper
shelf levels and the calculations are valid over a wider temperaturé
range e.g. =20 to +10%. " Thg'critical crack size a is equivalent to
half the craékllength of;a'tbfoﬁgh thickness defect in a finite
platé, and can be mﬁdified for other crack shapes using the
"'appropriate_shépé;féﬁﬁoré listed i =feference 2.
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The as deposited values of § and J used in the calculations corres-
ponded to the lowest crack initiation values in the =20 to +20°C upper
shelf range. The values used are indicated in Figures 36, 37, 38 and
39 and are included in the table of results of the defect calculations,
Table 12. Two values are used for the 1.18 KJ/mm Bostrand 31 weld,

corresponding respectively to the normal notch orientation and the

transverse notch (Series B).

The embrittled values used_in the calculations all corresponded to
fracture on a rising load curve where crack initiation was cléarly
defined. As Linde 120 was not embrittled, the calculations are rep-

eated on sample G1/3 which had the lowest 61 at 0°.
3.8.2 COD calculations

As deposited condition

The Welding Institute design équatiqn was used as a basis for cal-
culation. (2). The defect was assumed to be in weld metal, normal to
the applied stress and remote from stress concentrations. The work-

ing stress o, was assumed to be 2/3 minimum plate yicld:

Bostrand 31'/ HY80 o = 368 MN/m?
Linde 120 / HY100 o, = 460 MN/m>
. AX140 / HY130 o, = 598 MN/m>

The design equation is given by:

¢ =(e )2 for e < 0.5 eene (1)
y

and ¢ =('_g' )-‘ 0.25 for e » 0.5 esees (i1)
LN £ P

where ¢ = 1 (_@_) | veee (111)
.2md '\ e ;

: Y.
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In the as deposited weld, nett strain is the sum of the strain due to
residual stresses, assumed to be equal to the yield stress, and the

working stress:

e Uw 22. ’ )
—_— __'+ [N NN (iv’
ey 9y Oy :
Substituting (iv) in (ii) and (iii)
as= SE veee (V)

2«(0" +‘0.?50y)

Post weld heat treated condition

In this derivation, the complete removal of residual stress is assumed.

Therefore, the nett strain is due to the working stress alone.

Q

e \2
;“ = E— ‘ YK (Vi)

_ y y
From (ii) and (iii)
' - SE

= 2“(0 = 0.250 ) seee (Vii)
h W . y

In the case of the Bostrand 31 welds, the elevation in weld metal

yield stress was sufficient to reduce o to€0.5. In these instances,

from-equation (1). ' ‘Uy
7 = E veer (viif)
2n(b
Y\
<)
y

Calculations were' also performed assuming that 25% of the original
residual stress remained after heat treatment. In this case, the

nett strain is given by:

e o 0.25¢0
— MY
e o . a

y X y

Therefore,'ffom equations (ii) and (iii)

— - GE : .
as= g vees (ix)
W
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3.8.3 J calculations

As deposited condition

J can be used to calculate Kc, the stress intensity at fracture, up

to yield stress provided plastic zone cor'rectio_ns .are used when

ow> 0.8 uy. (77). In the as deposited condition, the effective stress
was assumed equal to US' even when the working stress was superimposed

because any stress in excess of yield would be relaxed by plastic

flow.
K 2
J =<
E
E = 5  for plane strain
l=-v
K=o/ ax for a wide plate (66) where a is the uncor—

rected crack length.

-

a =at+t

Ty
r =1 [K 2 for plane strain
v & (5)
. a = 2 - 7T T T = 2y 2
- nay (L - v%) Sn(l-v)uy
5 JE

veee (%)
6w °y2(1 - vz)

Post weld heat treated condition

As q, < 0.8¢ v no plastic zone correction is required.

" :i-= 2 JE 2 T (Xi)
T o, (1-v%)

If 25% of the original residual stress remains after heat treatment

then o+ 0.250¢ 0.80  and
w yﬁ> y



.

a = - JE -
- 2 2 y
m(1 - v°) (0w - 0.250y)
- 2
where r = 1l (X
y 6% (c )
:. 3" - SJE ) 'EEE} (Xii)

2 2
61(1 - v°) (cw + O.250y)

The results of the calculations are shown in Table 12, and the
equation numbers referred to,relate to the equations shown in this
section. It can be noted from these results that the defect £ol-
erances of AX140 and Bostrand 31 actually increase after post welﬁ
heat treatment, even though the weld metal is embrittled while if
25% residual stress is assumed, the defect tolerances decrease. The

significahce of these calculations will be further discussed in

‘section 5.4.3.

g%



CHAPTER 4  EXPERIMENTAL '~ METALLOGRAPHIC EXAMINATION OF WELD

METAL EMBRITTLEMENT
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4,1 Experimental methods

The metallographic examination of the weld metals was carried out in
both the.as deposited and embrittled conditions and the results of
these examinations are described separately. Weld metals in the as
deposited condition were studied using optical and transmission
electron microscepy and a quantitative estimate of the microstructural

constituents was made..

The embrittlement study concentrated on a scanning electron micro-
scope (SEM).comparison of as deposited and embrittled fracture sur-
faces mostly taken from COD specimens. Transmission electron micro-
scopy was used to examine the carbide distribution and identify
carbide types present after heat tréatmént. As deposited COD
ffacturé surfaces,produced at upper shelf temperatures,were compared
to embrittled weld metal fracture surfaces produced at similar
temperatures. The observations could therefore be directly linked to
the observed decrease .in COD, In each case, the specimen ﬂumber
from which a.given fractograph was taken,is quoted and the corres-

ponding COD can be found by reference to Tables 8, 9, 10 and 11.

Optical and electron microscopy was performed on sections transverse
to the weld axis unless otherwise stated and were confined to the

columnar regions. . g

89

An initial study of carbide precipitation after the maximum embrit-

telment treatment. (550°C - 50 hours for Bostrand 31 and AX140) was
performed on thin .foils so that precipitating carbides could be
identified and their location and orientaticn relative to thgifggrife

determined. This.turned out to be a formidable task:,_theﬁmaiﬁj



problems can be listed as follows and should be borne in mind if
further similar work is attempted. The ferrite grain size, acicular
or lath, was essentially unchanged after 50 hours at 550°C indicating
effective carbide pinning of grain boundaries and the grain size was
of the same order as the smallest, field limiting diffraction
aperture available. Consequently, it was not usually possible to
obtain diffraction patterns from one‘grain only and spots- from other
grains made interpretation difficult. It also became apparent that
more than one carbide.type was precipitating which fqrther complicated
interpretation. Another difficulty was the ferromagnetic interaction
between the elctron beam and the specimen. This resulted in imag;
shift as the specimen was tilted and the need tc censtantly make:
objective lens astigmatism corrections. Because the carbides were
still smali after the 550°C treatment (50 - 200 K), further work was

carried out on specimens aged at 650°C and above.

The switch to unshadowed or self shadowed extraction replicas over-
came most of the difficulties. These were prepared by coating a
nital etched specimen with carbon, blanking off unwanted areas with
lacquer and floating off the replica in a solution of 10% HCl in
alcohol using an applied potential of 30 volts for 5 - 10 seconds. -
Carbide dissolution was negligible and the technique was extremely
consistent. Basic features, such as prior austenite grain boundaries,
and acicular boundaries, could still be identified although gold-

palladium shadowing was used to examine as deposited structures.

Diffraction patterns were measured using a projection microscope
with a travelling stage. The limit of accuracy was controlled by
locating the centre of diffuse.spots rather than measurement limit-

ations. The diffraction data are presented as a photograph of the
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pattern, an indexed.diagram of the pattern and a list of experi-~:.
mentally determined "d" spacings which are compared with published d
spacings. Interplanar angles are not quoted, but the indexing:was
checked using published interplanar angles-in the case of cubic car-
bides and.cementite (93), while the interplanar angles of M,C, and
M02C were obtained using a computer program. In cases vhere identif-
ication was still uncertain, relative intensities published in the
powder file (94) were used. The symbols d and ¢/a are freely used
and stapd for the interplanar spacing for a given set of planes and
the axial ratio of a tetragonal unit cell respectively and should
‘not be confused with the fracture mechanics symbols. The system ”
adopted in naming the carbides follows that usually found in the
literature. (96). A metal symbol is often used to name a carﬁide
even thouéh the carbide may contain significant amounts of other
metal atoms e.g.:FeéC can-contain significant amounts of manganese
and chromium, It would be more rigorous to define all carbides asl
Mny; but -the usual notations are retained for-glarity. The carbides
identified in the present study were consequently Feac, Mozc, VHCB’
M703 and Méa 6.-‘Thé-latter two carbides are chromium rich, but are
usually defined as mixtures (96)., It should also be noted that
nitrogen may replace carbon in the carbides but this is difficult to

detect from lattice parameter measurements.

4.2 As deposited microstructures --

4.2,1 Bostrand 31- . : I
Weld metal deposited at each heat input was examined and appeared

similar except that the acicular ferrite in the 3.15 KJ/mm weld-
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seemed coarser than that in the 1.18 KJ/mm weld. Proeutectoid ferrite
decorating the prior austenite grain boundaries can-be seen in

Figure 42, while Figures 43 and 44 show each weld at higher magnif-
ications. The structures were predominantly acicular ferrite withb
some proeutectoid ferrite. There was a tendency for some of the pro-
eutectoid ferrite in the higher heat input weld to develop small
sideplates which could be considered as embryonic upper bainite
(Figure 45). However, the usual definition of ferrite sideplates or
upper bainite tends to imply that the plates are well developed and
extend well into, or across, a grain and as the development of side-

‘plates in the present case was minimal, all such structures were

counted as proeutectoid ferrite.

The other microstructural ‘component.identified was revealed by
etching in 4% picral and appeared as small angular 1ﬁmps about 1
micron across and is shown in Figure 46. Their angular nature
suggests that they occupy acicular ferrite interstices while the
elongated areas could be between parallel acicular ferrite grains.
These areas therefore appear to be the pockets of martensite
referred to by Garland and Kirkwood. (7). While.the term martensite
is adopted in this’'work, there is considerable uncertainty about

its true nature and this is discussed later in this section.

The area fractions of the three constituents, acicular ferrite, pro-
eutectoid ferrite and martensite were measured and are shown in .
Table 13 along with-an Estimate of the acicular ferrite needle *
width. The measurement methods are detailed in Appendix.3. :The
results indicated that fhe.pe?centage of proeutectoid ferrite .:-

increased with increasing heat input along with a small increase in



the acicular ferrite grain width. There was an apparent decrease in
the amount of martensite with increasing heat input, but the difference
was small and was within the measurement errors and so is not con-
sidered significant.

Excmination of extraction replicas showed that there was some fine
carbide precipitation associated with the edges of the acicular
ferrite grains as shown in the upper centre of Figure 47. The

carbides were identified as Fesc (Figure 48). .There appeared .to be

no evidence of ViCa precipitation.

Thin foils of each weld metal were prepared to obtain micrographs'of
the internal structure of the so called martensite and to determine
the c/a ratio of these areas so that they could be compared with

those of the acicular ferrite. The results of this work were some-
what inconclusive. Figure 49 shows acicular ferrite in the 1.18 KJ/mm
weld with a prior austenite boundary running down the right-hand side.
Examination of this structure at higher mégnifications did not reveal
readily .identifiable martensite, although some areas did suggest lath
martensite (Figure 50). However, this could equally be interprefed
as parallel acicular ferrite similar to that in the centre of

Figure 49. Parallel laths were alsc noted in the 3.15 KJ/mm weld
(Figures 51 and 52)l Diffraction patterns from the laths shown in
Figure 51 indicated a suggestion of tetragonality with a c/a ratio

of 1.004 (Figure 53). Other patterns from similar laths were solved
giving c/a values between 1 and 1.004, but it must be noted that
this variation was of the same order as the measurement accuracy
which was limited by the diffuse nature of the spots caused by .the .-

high dislocation density. S 1N E
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Figure 52 can alsc be interpreted as parallel acicular ferrite, but
the dark band suggests an area of ma?tensite similar to the elongated
areas noted in Figure 46. A similar area is shown in Figure 54 with
its diffraction pattern in Figure 55, the solution of which

indicated that any tetragonality was very small. An unexpected
observation was the pecurrence of a streaked V,C.(111) zone. The

4-3
pattern suggests an orientation relationship of {111}v c. {110}0

which is actually 9° away from the established relatio:sgip (97i of
«[100}\,“c3 //{100},. However, this apparent misalignment is not
uncommon in heavily dislocated structures at early stages of prec-
ipitation and Tekin and Kelly have published an identical pattern
for vuca precipitating in mertensite.(110). The responsible pre-
cipitates-were not located, but Figure 56 is from an adjacent are&
and appeags to show very fine precipitates. Attempts were made to
interpret the pattern in terms of spots from another grain or from
a cementite particle but neither assumption could be made to fit.
This observation therefore indicateélthat precipitation of ViCa is
occurring during cooling in Bostrand 31 when welded at 3.15 KJ/mm.
Evidence for,similar precipitation in the lower heat input weld was
not obtained, but the search was not exhaustive and this coupled

with the extreme difficulty of obtaining carbide patterns in these

materials does not rule out its possible occurrence.

Returning to the question of martensite, none of the resu%?s have
really confirmed its existence, although lath type structures were
identified. Garland and Kirkwood have indicated that both lath

and twﬁmadnﬁrtensite,can occur in weld metals of a similar com= . .
position (7), but the present observations have not confirmed either.

An apparent martensite phase can be found by picral etching, but this
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is difficult to felate'to the transmission micrographs. Parallel lath
structures can be found, but the lath width is comparable to that of
the acicular ferrité and while the laths appear to have some tendency
to tetragonality , they do not have significantly higher c/a ratios
than the ferrite and it is difficult to discriminate between the
stfuctures on this baéis. The situation is further complicated by
the occurrence of precipitation which would rapidly deplete the
lattice of carbon, thus lowering its c/a. As indicated previously,
the word "martensite" will be used to denote the component ident-
ified by picral etching while the reaiism of attempts to cleérly
define a structural differencelbetween this component and acicular

ferrite will be considered in the discussion section,

The relatfbnship between the martensite and the clea?age path in as
deﬁositéd Bostrand 31 was examined by initiating a cleavage crack
at -60°C ih a éOD specimeh and sectioning. Multiple cracking is
shown in‘Pigure 57 and the dark areas indicate the so-called mart-
ensite. As this is a section and the structure underneath could be
controlling the cracks, conclusions drawn must be tentative, but
the cracks at A tend to cut across the long axis of the martensite
while the cracks af B appear to be in line with the m;rtensite.

The crack.lengths also appear to be large in relation to the
martensite islands. If Figure 57 is compared with Figure 43, which
is at the same magnification, it appears that the facet length is
also considerably greater than the acicular ferrite grain size. If
‘thevﬁockéts of martensite were controlling cleavage fracture it

could be expected that the facets would be more directly associated
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with the pockets and the facet length should Ee of the same‘ordé; as the

acicular ferrite width. Tﬁiﬁhpoint will also be further discussed
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in the discussion section.
4,2,2 Linde 120

This structure was essentially similar to that of the Bostrand 31 and
a typical micrograph is shown in Figure 58. The microconstituenfs,
acicular ferrite, proeutectoid ferrite and martensite were identified
and their area fractions are shown in Table 13, Also inciuded are
estimates of the acicular ferrite and prior austenite grain size.

The fractions of proeutectoid ferrite and martensite were both sig-
nificantly lower than in Bostrand 3l. The martensite pockets were
noticeably smaller than those in Bostrand 31 and the area fraction

is definitely an upper estimate as it was difficult to discriminate
between the martensite and coarse inclusions at magnifications of
2000X. The martensite is shown as small islands in Figure 59. There
was again evidence of Fe,C precipitation on the edges of the

acicular ferrite grains.

h.2;3 AX140
The structure of AX140 was markedly different from either Bostrand 31
or Linde 120. The structure did not contain any proeutectoid
ferrite and was noticeably finer than the other two weld metal types.
The structure is shown in Figures 60 and 61 and if Figure 61 is com-
pared with the micrograph of Linde 120 at a similar magnificatien,
Figure 59, the much finer structure can be noted. The as deposited
hardness of the structure was 358 HV30 which was significantly ~. -
higher than eithgr the Linde 120 at 287 HV30 or Bostrand 31 at 283
HV30. Samples of AX140 weld metal were held at 1150°¢ for

30 minutes and water quenched, but this treatment did not cause a

-



.hardnéss increése, whereas a similar treatment caused a significant
hardness incﬁéaée in the other two weld metals. On the basis of each
of these factors, the séructure was termed martensite. Because the
carbon contenf'was low, Hs would be relativelj high and some auto-
tempering could be expected, although no evidence of carbide pre-'
Ic{pitation was found from extraction replicas. Carbides may have
been aefected if a thin foil had been prepared, but previous
experience on as deposited thin foils suggested that obtaining dif-
fraction evidence in a highly dislocated structure with a fine
effectivergrain size would be difficult.' While no as deposited
thin foils were prepared, figure 62 shows AX140 after 50 hours at
650°C and the lath structure is clearly visible. Again carbide
precipitgtion has éffectively pinned the boundaries and prevented
any substructural gréwth. X-ray diffraction analysis indicated
that the structure contained approximately 1.5% retained austenite.

(Appendix b4 and Table 13).

4.3 Metallqgraphié examination of embrittlement
4.3.1 Bostrand 31

Fracture surfaces of the lower heat input Bostrand 31 weld metal
were examined using a scanning electron microscope in both the as-
deposited condition and after treatment at 550°C for 50 hours.

The fractographs were obtained frqm COD specimens fractured at
similar temperatures and show areas in the immediate vicinity of
the notch, with the notch at the bottom and the direction of crack

2V
-

propagation upwards. ‘
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Upper shelf as deposited failure was by microvoid coalescence

(Figures 63 and 6#). Thé corrugated appearance of the surface in
Figure 63 was typical of‘upper shelf failures in the three weld metals
and has been observed in other high strength weld metals. (10). Exam-
ination of specimens treéted at.SSOOC and fractured at temperaturés
carresponding to microvoid coalescence in‘the as deposited weld metal,
showed that the failure mode was mixed but was predominantly
cieavage.' Figure 65 shows a low magnification view of specimen D4/6
fracturedlat_-2000 and Figure 66 is a close up of the same area-
showing cieavage and a small amount of microvoid coalescence.

Cleavage also predominatéd in specimen D4/2 fractured at -6°¢

(Figure 67). Specimens of the higher heat input weld were also
examined an@ again showed that cleavage was the dominant fracture
mode in the‘embrittled condition.
The pronounced secondary hardening peak obsgrved at 550°C iﬁdic;ted
the precipitation of a carbide was promoting cleavage failure and as
vanadium was present at 0.12%, vanadium carbide was suppode&ly res-
ponsible. Initial attempts to locate the carbide using thin foils
ran into difficultiés as previously mentioned and unshadowed-
extraction replicas‘were used. Itlwas found expedient to overage

the material to coarsen the carbides; this was not regarded as
invalidatinglthe analysis, as pronounceﬁ secondary hﬁrdening had been
observed, an& the responsible ;arbides could reasonably be expected

to be present in a coarser form.

Vanadium carbide was found to be extremely resistant to coarsening

and final examination was performed on specimens treated at 700°Q

i =

for 10 hours. Vanadium carbide appeared to be the only carbide
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present and its distribution is shown in Figure 68, with extremely
fine carbides (20 =~ SOK) distributed evenly throughout the grains and
with coarser carbides (100 =~ 250:) along the acicular ferrite grain
boundaries. The coarser carbides on the grain boundaries reflect the
enhanced diffusional mobility of vanadium and carb;n at those sites.
The coarser carbides also appeared in patches which could have been
associated with the martensitic areas in the as deposited weld metal

(Figure 639). A ring pattern of the carbides in Figure 69 showed

that they were V,C, (Figure 70).
- 4,.8.2 AX140

Examination of COD fracture surfaces in the as deposited condition
showed that upper shelf failure occurred by microvoid coalescence
(figure 71) with a transition to cleavage at lower temperatures.
Fiéure 72 is taken from specimen El/ﬁ fractured at -64°C and shows

mixed cleavage and microvoid coalescence.

Specimens treated at 550°C failed by smooth decchesion along.the
prior austenite columnar grain boundaries (Figures 73 and 74).

Some microvoid coalescence was obsérved which was due to ductile
tearing linking cracks on different boundaries and can be seen on the
left of Figure 75. Inspection of the grain surfaces at high magnif-

ications did not show any evidence of films or particles (Figure 76).

A Charpy specimen treated at 550°C for 10 hours, cooled at 100°C/
hour and fractured at 2°C was- also examined and again exhibited
smooth intergranular decochesion with some cleavage and microvoid

coalescence (Figures 77 and 78).
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Carbide_identificatioq was performed on extraction replicas taken
from a specimen aged at 650°C for 50 hours and a typical area is
shown in Figure 79 which shows rods of Mozc and larger carbides which
were either Feac, H703 or in one instance M2305 Diffraction
patterns were obtained by tilting this area. Mo,C was identified
from ring patterns and also from a single crystal pattern shown in
Figure 80, while a pattern of M,3Cq is shown in Figure 8l1. This
latter result was unexpected as 4 - 5% chromium is required for its
stabilization. However, the pattern could not be solved as Fesc,
Mo,C or M.C, and additionally, the intensity of the spots correlated
with relative X-ray intensities published in the powder file which
indicated that 660, 440 and 333 planes gave high intensities.. Other

patterns were solved as M7C3 and Feac.-

An extraction replica was also made from a transverse section
_through‘a COD specimen treated at SSOOC,with the replica being taken
immediately adjacent to the crack surface and this presented a
section across the longitudinal axes of the columnar grains. Heavy
carbide precipitation on the prior austenite boundaries was noted
(Figure 82) and diffraction pattérns were obtained from the grain'
boundary carbides shown in Figure 83. These indicated the presence
of M,C, (Figure 84) and Fe C (Flgure 85). Rods of Mb C were also
observed (Figure 83), although no patterns were cobtained. While it
was not possible to accurately quantify the carbide distribution,
which would entail identifying each particle, the general tendency :
was for M02C to be precipitated in clusters similar to that shown in
Figure 79, .while MCq and Fe,C were more evenly distributed and were
associated with either lath boundaries or heavily concentrated on -

prior austenite columnar boundaries. )
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Relating the identified carbide types to those predicted by published
phase diagrams was not straightforward as the latter are based on
less complex compositions and tend-to use long ageing times to
approach an ostensibly true equilibrium state. However, a diagram
published by Andrews et al., can be used as a guide, noting that it
was established for 1000 hours ageing and for a carbon content of
0.12% which is significantly higher than the 0.03% AX140. (98). The
diagram is shown in Figure 86 and it includes compositicn points cor-
responding to AX140 and Linde 120. This suggests that Feac, M.?C3 and
Mo,C should be present in the AX140 which is therefore in agreement
with the results. The occurrence of M2306 is unexpectea, but it can

be suggested that it was due to a local concentration of chromium

which is perhaps not unexpected in a rapidly solidifying weld metal.
4,3.3 Auger analysis of AX140 fracture surfaces

The intergranular fracture mode was indicative of classical temper
embrittlement and it was therefore necessary to establish by direct
measurement which of the known embrittling elements was
responsible. The chemical analysis results indicated that 0.011%
phosphorus and up to 0.015% tin weré present and while these levels
were lower fhan those generally considered to cause embrittlement

(41), they were the likely responsible elements.

Two specimens of AX140 were treated at 550°C for 50 hours,notched in
the columnar region and fractured in an Auger spectrometer® where -

the surface monolayer was analysed.

* Analysis performed at the National Physical Laboratories,
Teddington by Dr M P Seah. fhda
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Typical figurgs from these analyses were as follows, the results

being in fractions of an equivalent monolayer.

P 0.23 *+ 0.03 Cr 0.26 + 0.04 Mn 0.42 * 0,08
Mo  0.25 % 0.05 "Sn "0.02 + 0.01 Sb 0.01

As . 0.06 Ni 0.23 ¢ 0,03 AL 0,08.

Si 0.04

Molybdenum and'chromium were present as carbides and so the mono-
layer equivalent becomes 0.09 and 0.06 of the grain boundary area
covered by carbides. Therefore, the significant segregants were

phosphorus manganese and nickel.
4.3.4 Linde 120

The Linde 120 COD curves shown in Figure 3é reflect similar upper
shelf COD values for the as deposited condition and after 50 hours
treatment at 450, 500 and 550°C. The fracture surfaces of these
specimens were all similar showing failure by micrqvoid coalescence
(Figure 87). At -66°C, the as deposited weld metal failed by
cleavAge wheréas the weld metal treated at 550°C failed by inter-
granular fracture (Figure 88). This form of failure was also
observed in the Charpylspecimens which were held at 550°C for 10
hours and cooled at 100°C{hour;, Figure 89 shows a low magnification
view of aIChérpy specimen fracture at -16°C and suggests some form
of intergranular failure. Examination at higher magnifications
showed that there were three types of fracture surface, cleavage,
~microvoid coalescence and intergranuiar decohesion. Cleavage and
microvoid coalescence can be seen in Figure 90, while cleavage Pnd__f
intergranular decohesion is shown in Figure 91. The three‘f?i}qre

modes can also be seen on the right-hand side of Tigure 92 which
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shows the junction between the columnar region and the refined region,
the latter fracturing by microvoid coalescence. A particle in the
walls of microvoid coalescence shown in Figure 92 and 90 was analysed
using X-ray dispersive analysis. The particle is located in the

centre of Figure 90 and is shown in Figure 93, and the resulting

trace in Figure 94. This indicates the presence of silicon, aluminium,
iron and manganese and'the particle was thereforerconsidered to be an
inclusion. Similar results were obtained for particles analysed in

the refined structure shown on the left of Figure 92.

These results suggest that temper embrittlement was responsible‘f;r
the slight decrease in toughness observed in the slow cooled Charpy
specimens as shown in Figure 33. There was also a tendency for
temper emﬁrittlement to cause failuré along prior austenite grain
boundaries after prolonged heating at 550°¢C (Figure 88), although the

COD results showed that any.embrittlement was negligible (Figure 38).

Extraction replicgs were prepared from a sample held at 650°C for
50 hours. Mo, C and'Feac were identified with the Mo,C present in
the form of high aspect ratio rods which were found in patches and
not generally distributed throughout the structure (Figure 95).

The ring pattern used to identify MOQC is shown in Figure 96. Fesc
was more generally precipitated throughout the structure with some
tendency to precipitate on acicular ferrite grain boundaries (Figure
95). A cementite pattern from the area of Figure 95 is shown in
Figure 97. A COD specimen treated at 550°C for 50 hours was
examined and no evidence of heavy prior austenite grain boundary
carbide precipitation could be found (Figure 98). The phase diagram’

(Figure 86) suggests the Mo,C and Fe,C should be present which is

2 3
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in agreement with these findings.

4.3.5 Summary of embrittlement in Bostrand 31, AX140 énd

Linde 120

The metallographic examination showed that all as deposited weld
metals failed by microvoid coalescence in the upper shelf region

with é transition to cleavage fracture as the temperature was lowered.
Embrittlement of Bostrand 31 was caused by precipitation of ViCa
threcughout the structure and this promoted cleavage failure. Temper
embrittlement was identified as the cause of embrittlemént of AX140
and was caused by segregation of phosphorus to prior austenite
columnar grain boundaries. Complex carbide precipitatioq was also
noted, although precipifation of Mo,C did not promote cleavage
failure. Heavy precipitation of Fe,C and M.,C, on columnar grain
boundaries was noted. in Lih&e 120 fhere were only small indications

of embrittlement, but where it did occur,it appeared attributable to

temper embrittlement.
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CHAPTER 5  DISCUSSION
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5.1°  INTRODUCTION

The investigation has involved a defailed study of the properties and -
microstructures of the weld metals in the as deposited and post weld
heat treated conditions. It has been demonstrated that embrittlement
can occur in these weld metals and has given insight into the form
such embrittlement can take. Data has been obtained on properties
and microstructures of as deposited weld metal and this has been
examined in terms of the proposed weld metal toughness models. The
embrittlement studies included the determination of COD data for as
deposited and post weld heat treated weld metals and this has enabled
the calculation of defect tolerances so that the significance of the
observed embrittlement can be discussed in these terms. Consider-
ations of the data accuﬁul&ted in the work, together with the defect
tolerance calculations, has enabled specific recommendations for the
post weld heat freatmenf of the three weld metals to be madejalong
with broader based guidelines for the post weld heat treatment of
other high strength ferrous weld metals. All these aspects are

therefore considered in the following discussion.

5.2 Weld metal embrittlement

©5.2,1 Embrittlement of Bostrand 31, Linde 120 and AX140

The Charpy data presented in section 3.5 showed:that embrittlement of
each weld metal occurred after post weld heat treatment in the tem-
perature range of 450° to 650°C. The severity of embrittlementbhf--
if embrittlement did indeed occur,was dependent on the major heat-

treatment variables, treatment‘temperature, treatment time and cooling



rate. Figure.25 shows the variation in the degree of embrittlement of

10%

Bostrand 31 as a function of treatment temperature and treatment time

where it can be noted that embrittlement was observed after 1 hour

in the 550 to 650°C range. - After 50 hours, embrittlement increased at
550°C with erbrittlement also occurring at HSOOC, but there was a
nett toughness increase at 650°C. Reference to Figures 28 and 33
show that Linde 120 was not significantly embrittled by treatments

in -the 450 to 650°C range when water quenched fellowing heat treat-
ment but was embrittled on slow cooling from 550°C, Figures 31 and
33 show that AX140 could be severely embrittled by prolonged treat-
ment at 450 and 550°C, and that embrittlement increased as cooling

rate decreased after a given time at treatment temperature. "

The metallographic studies showed that embrittlement was caused by
two distinct processes, precipitation of alloy carbides and classical
temper embrittlement. These forms of embrittlement are now examined
in turn to identify the role of microstructure, composition and heat

treatment variables on the severity of embrittlement.
5:2.2 Precipitation hardening

Preciﬁitation hardening was found to cause severe embrittlement in
Bostrand 31 through the precipitation of vanadium carbide. The low
dilution regions of the weld contained 0,10 to 0.13% vanadium which
was sufficient ?o cause significant secondary hardening after 1 hour
with peak hardness being developed at 610°C. As ageing time

" increased to 50 hours, the peak hardness increased and the peak hard-
ness temperature decreaséd to §50°C (Figure 20). The secondary hard-

ening was accompanied by a marked decrease in Charpy toughness, the

i L



55 joule énergy absorbed tempera%ure increasing by 44°C after 1 hour
at 550°C and 97°C after 50 hours (Figure 25). This trend was also
reflected in the COD toughness measurements. Examination of the
embrittled fracture surfaces showed that precipitatibh promoted

cleavage fracture.

In section'ﬁ.a.l; it was noted that vanadium carbide precipitated as
a fine &ispersionuthrbughout the acicular ferrite with larger
particies on the acicular ferrite grain boundaries and also in
pockets which could have been assaéiated with islands of martensite
in the as dépoéited structure (Fighre 69). The growth of coarser
carbides on the grain boundaries was probably a direct function of
the ﬁaterial'being o#eraged. Tekin and Kelly (ilO)studied precipit-
ation in martensitic vanadium bearing alloys and noted that coarse
grain boundary carbides were only present after peak hardness, where-
as-cafbidé p;ecipitafion was confined to‘precipitétion on dis-
locations within the grains before ;nd at peak hardness. It
acéordingly seems iike;y that the vanadium carbide distribution in
Bostrand 31 at peak-haraness was a fine matrix precipitate on dis-
locations.- Coarser precipitates could have been present in the

areas occupied 5& the martensite islands as a result of growth on
bre;existing'vanadium cérbide,precipitated on cocoling in the original

weld as discussed in section 4.2.1.

Tekin and Kelly attributed the secondary hardening caused by
vanadium carbide to the precipitating carbides pinning dislocations
and severely restricting their mobility. This was confirmed by the:
appearance of a_sharpjfield point in tensile tests on material aged’
to peak hardness and which was absent in non aged or overaged

material.(110). Similarly, if the precipitates pin the dislocations,
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the precipitates will effectively raise the friction stress on dis-
locations and-promote cleavage fracture as predicted by the cleavage
fracture models proposed by Cottrell.(104) and Knott.(58). (These
models will not be discussed here but are.described in detail in

reference 58 Chapter 7).

The se?erity of embrittlement of Bostrand 31 summarized in Figure 25
can therefore be'explained-in-termé of the kinetics of vanadium car-
bide precipitation. At 450°¢, precipitation is sluggish with_only a
' small amount of embrittlement after 50 hours. At 550°C, precipit-
ation is more rapid causing significant embrittlement after 1 hou;
which further increases after 50 hours. At 650°C rapid precipit-
ation leads to embrittlement after 1 hour, but longer times cause

overageing with a nett toughness increase after 50 hours.

The.effect of molybdenum as a potential precipitation hardening
element could be assessed from the Linde 120 and the AX140 weld
metals which contained 0.47% and 0.55 to 0.59% respectively. The
Linde 120 exhibited a small secondary hardening peak after 50 hours
at 500°C (Figure 20) while-the AX140 ageing curve was essentially
flat in the 450 to 550°C range indicating that any hardening due to
molybdenum carbide precipitation was slight and was tending to

retard:structural softening rather than increase overall hardness,

In section 4.3.2 it was noted that the embrittled fracture mode of
AX140 was intergranular decohesion, a characteristic of temper

embrittlement and there appeared to be no indications of precipit-
ation hardening promoting cleavage fracture. -The.Linde 120 fracfure'

surfaces also indicated that the small amount of.embrittlement
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observed was caused by temper embrittlement. ﬁhile it can be argued
that temper embrittlement may have been masking the potential of
molybdenum carbide precipitation to promote cleavage, the virtual
absence of femper embrittlement in the Linde 120 water quenched coD
specimens should have enabled precipitation promcted cléavage to be
observed. As it was not detected, even after long ageing times, it
can be.considered that molybdenum carbide precipitation is not likely
to cause embrittlement in weld metals confaining up to 0.6%

molybdenum.

Garland and Kirkwood observed an.apparent interaction between moly-
bdenum and alumina bearing, amphoteric fluxes and suggested that éhe
presence of AIN in the weld metal improved the kinetics of moly-
bdenum carbide precipitation and caused embrittlement. Amphoteric
fluxes were not used in this work, although the weld metal aluminium
levels were similar to those in Qarland and Kirkwood's work (0.01“ to
0.016%). (7). In this st;dy, prolonged ageing in the region of the
peak hardness témperature (500°C) was used and additionally, Mo,C
was identified in overaged material and yet molybdenum carbide pre-
cipitation did not appear to be deleferious. Little more can be
said about Garland and Kirkwood's observation of embrittlement until
the precipitating carbides in the weld metals they examined,are

identified.. .

The minimal effect of molybdenum,compared to vanadium,can be
illustrated by data published by Irvine and Pickering (105) which has
been replotted in Figure 99. The vertical axis is. the intensity of
secondary hardening following solution treatment and it is plotted

against alloy content. This plot shows that 3% molybdenum is



required to cause as much hardening as 0.2% vanadium, and that moly-
bdenum at the levels present in AX140 and Linde 120 (up to 0.6%) will
only cause minimal hardening while vanadium at 0.12%, the level in

Bostrand 31, will cause significant hardening.

In section 2.3.2.1 it was noted that heat treatment will remove the
islands of martensite in acicular ferrite and this may offset the
deleterious effect of precipitation. This phenomenon was used by
Garland and Kirkwood to explain a nett improvement in toughness in a
0.12% vanadium weld metal after heat treatment. (7). In thié work,
a nett decrease was observed after 1 hour at 550°C or 6§b°c. Com-
parisons between ‘their Charpy curves (Figure 3) and those obtained”
in this work (Figure 23) shows that the as deposited toughness was
higher in this work. Iﬁ the weld metals examined by Garland and-
Kirkwood, the martensite islands were up to 4 microns across whereas,
in Bostrand 31, the islands were much smaller, being generally less
than 1.5 microns across. The implication is that while the relative
amounts of martensite were similar, the larger island size was
having a more pronounced effect on cleavage fracture and their
removal caused a large potential increase in toughness, whereas the
removal of the smaller islands in Bostrand 31 did not have the same
potential for improvement, Their weld toughness model can therefore
be adapted to explain the preéent observations, but it must be noted

that their conclusion, that vanzdium at up to 0.12% will not cause a

loss of toughness on heat treatment, was not found correct and large

decreases in toughness were observed. The practical implication of

these findings will be further discussed in section 5.5.
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5.2.3 Temper embrittlement

The éxaﬁination of fracture surfaces detailed in section 4,3,2 showed
that classical temper embrittlement was the principlé eﬁbrittlement
mechanism in AX140. The slow cooléd;ICharpy r'esults;: indicated that
temper embrittlemént couid also oceur in Linde 120, although to ﬁ
much sﬁaller extent;l *emper embritflemenf waﬁ not detected in
Bostrand 31 due to the overriding'effect of vanadium carbide pre-

cipitation promoting cleavage fracture.

The Auéer analyéis ;ffan AX140 fracture surface showed that phos-
phorus, manéanese and nickel were the principal‘segregatiﬁg elemenfs.
on the prior ahsteni&e grain boﬁndaries. Phosphorus has been
identified as a strong embrittling element which significantly lowers
the suvfacé energy and hence the energy fequired to separate prior
‘austenite boundaries. (41, 44), Manganese is also thought to con-
tribute to embrittlement althoﬁgﬁ its poteﬁéy is apparently less

than phosphorus. (106). Joshi and Stein (48) observed segregation
of nickel to grain boundaries only when embrittling elements were
present. They therefore arguéd that any effects of nickéi on grain
boundary éohesion could not be isolated from the effects of the
known embrittling elements. It accordingly appears likely that
phosphorus ié the majdr embrittling eiemeﬁt in the present case. It
is also worth ﬁoting that tin was not detected as a significant
segrégant, éven though'the chemical analysis figures indicated a

relatively high bulk concentration of up to 0.015%.

As noted abbve; temper embrittlement was largely confined to AX140

with Linde 120 showing a much lower susceptibility. Table 1 shows

that each weld metal contained the same amount of phosphorus,

-~
T
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0.009% being determined by conventional chemical analysis and 0,011% by
vacuum §park émission spectroscopy. The marked difference in their
susceptibilities must therefore be attributed to their different micro-
structures and compositions., AX140 was almost.totally martensitic
whereas Linde 120 was predominantly acicular ferrite. It can.be
argued that each martensite grain i.e. a cell enclosed by a prior
austenite grain boundary, contains few high angle boundaries. This can
be qualitatively justified by inspection of Figure 61 which shows that
the martensite has formed in colonies of laths and as cleavage fracture
has been observed to run straight across such colonies, only being
deflected at. the colony boundaries (107), it can be suggested that the
inter lath boundaries are low angle, while the inter colony boundaries
are high angle. In an acicular ferrité structure, the ferrite grains
meet at high angle boundaries (1l) and these boundaries.can also act
as sites for Gibbsian segregation. Therefore, for a given.pripr
austenite grain size, there will be a greater areé of internal grain
boundary segregation sites in acicular ferrite than in martensite.-
Internal absorption on these boundaries will 1o§er the amouﬁt_of
phosphorus available for the prior austenite grain-boundaries and
hence, the phosphorus.levels on prior austenitg grain bounda%ies will.

be lower in acicular ferrite than in martensite.

An alternative or additiopal reason for the differing responses of.
the two microstructures can be attributed to the higher chfomium _
content of AX140. In section Q.S.Z-it was noted that this weld
metal contained sufficient chromium to cause precipitation of
chromium rich M703 which tends to nuéleate and- grow on grain

boundaries rather than on dislocations as is the case for Mo,C and.:

2

VyCie Inm Figure 82, the heavy precipitation of M,C, and Fe,C.on

prior austenite boundaries in AX140 was noted while no equivalent

heavy precipitation could be found in Linde 120 (Figure 98).
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Theories of temper embfittlement are as yet uncertain about the

interaction of grain boundary carbides and the embrittling elements,
although it has been observed that decohesion of the carbide/ferrite
interface occurs in embrittled steel, while carbide cracking occurs
in non embrittled steels. (106, 108). As this interface is usually
highly tenacious, it is suggested thgt the embrittling eleﬁents

reduce thg cohesion of the ferrite/carbide intérface as well as the

ferrite/ferrite interface,

A high magnification view of the fracture surface of embrittled

AX140 is shown in Figure 76 and it can be noted that it-is relatively
featureless, with some surface tears and holes, the latter probabiy
being associated with inclusiomsbeing pulled out of the boundary.

If preferential weakening of the ferrite/carbide interface had
‘occurred, then dimpled microvoid coalescence centred on carbide
particles would have been expected but was not observed. The slow
cooled Linde 120 samples represented a lower level of embriftlement
and it was initially suspected.th%t the walls of miarévoid coal-
escence observed in the columnar region, as shown in Figure 90,

could have been due to void formation around grain boundary carbides but
X-ray dispersive analysis showed that the particles were inclusions
(Figure 94). These findings accordingly lead to the conclusion

that the segregating elements lower the cohesion of both interface
components apd while carbides are undoubtedly present on the inter-
face, their exact role in the embrittlement mechanism is yet to be

established.

gl

el

In summary, it appears that phosphorus is the element primarily res-

ponsible for "temper embrittlement. The reason for the higher
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susceptibility of AX140 compared to Linde 120 appears to lie in their
differing microstructure with Linde 120 being less susceptible
because its acicular ferrite structure enables more phosphorus to be
absorbed on to internal acicular ferrite grain boundaries lowering
the amount available for prior austenite boundaries. Carbide pre-
cipitation on prior-agstenite boundaries is'aséociated with embrit-
telment, but its exact rdle in the embrittlement mechanism is not

clearly known.

The influence of the principal he;t treatment variables on the
severity of embrittlement of AX140 and Linde 120 can be explained in
terms of the kinetics of temper embrittlement.‘ The severitylof
embrittleﬁéné of AX140 increased with time at 550°C because this
temperature was within the embrittlement range, while at 650°C

fhere was no embrittlement because phosphorus tended to diffuse
aﬁéy'from the grain boundary surfaces. Similarly, embrittlement
increased as cooling rate decreased‘aftev a given tiﬁe_at 550°C as
more time was spent in the embrittlement range. Temper embrittle-
ment of Linde 120 followed along similar lines except that prolonged
exposure at 550°C did not cause any detectable decrease in toughness,
although Figure 88 shows that sufficient segregation of phosphorus
had occurred to make fhé‘prior austenite grain bcundaries the pre-
ferred low temperature fracture path. The increase in embrittlement
as cooling rate decreased is also in line with temper embrittlement

behaviour.

An important point that should be noted was that the only improve- '
ment in toughness over as deposited levels was accompanied by a sig-

nificant decrease in yield strength and occurred when Linde 120 and
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AX140 were heat treated at temperatures above the temper embrittle-
ment range.L'Bostrahd:Sl behaved in a similar manner with toughness
increasing after 50 hours at 650°C. The increase in toughness can be'
attributed to the coarsening of precipitating alloy carbides which in
turn increased cleavége resistance. Treatmeﬁt at 650°C reduced the
yield strengths of Linde 120 and AX140 below the minimum parent plate
yields of HY100 and HY130 respectively. The yield stréngth of
Bostrand 31 was just in excess of the minimum yield strength of HY80

after treatment at 650°C for 50 hours.
5.2.4 Summary of weld metal embrittlement

Embrittlement of the three weld metals occurred when they were post
weld heat treated in the 450 to 650°C temperature range. Weld metal
embrittlement took two forms; precipitation of alloy carbides which
promoted transgranular cleavage fracture and classical temper embrit-
tlement which promoted -intergranular decohesion. The seveyity of
embrittlement was dependent on the principal heat treatment variables,
treatment temperature, time and cooling rate; the exact nature of
this déﬁendence'being dictated by which of the two forms of embrit-
tlement occurred. Bostrand 31 was embrittled by precipitation of
vanadium carbide which effectively restricted dislocation motion and
promoted cleavage fracfure. The greatest level of embrittlement
coincided with the temperature at which peak hardness was developed
and the magnitude of embrittlement increased with time. Vanadium
contents of 0.12% were sufficient to cause embrittlement by the ™
formation of alloy carbides, while precipitation of molybdenum

carbide did not cause eﬁbritt;ement for molybdenum levels uﬁ“td'0;5%-

4 1
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Temper embrittlement was found fo cause severe embrittlement in AX140
and minor embrittlement in Linde 120. Embrittlement occurred over
the 450 tol550°c temperature range,being greatest at 550°C’and the
severity of embrittlement increased with time. Embrittlement severity
also increased with decreasing cooling rates after heat treatment.
Embrittlement was caused by the segregation of phosphorus to prior
austenite graiq boundaries and phosphorus levels of 0.011% were
sufficient to cause embrittlement. Martensitic weld metal micro-
structures were more susceptible to temper embrittlement than
acicular ferrite microstructures. The only observed increases in
toughness over as deposited toughness levels were accompanied by sig-
nificant reductions in yigld strength and occurred when the weld
metals were heat treated at 650°C. This reduced the yield strengths
of Linde 120 and AX140 below their matching parent plate minimum

yield strengths.

5.3 The relationship of as deposited properties to microstructure

The main emphasis of this study was an examination of weld metal
embrittlement although it did present an opportunity to examine the
relationship between as deposited microstructures and their tough-
ness, and to relate the microstructures to the proposed weld tough-

ness models. (7, 18).

In Figure 22, the as deposited Charpy transition curves of the three
weld metals are shown. Insufficient tests at high temperatures mean
that upper shelf levels cannot be accurately compared, although the

trend is for AX14O to lie below the other two weld metals. This was

confirmed by the COD tests which showed that the AX140 upper shelf,

level was significantly lower (Figures 36, 37 and 33), Table 13

-
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showed the three weld metals contained similar inclusion contents and
the reason for the lower upper shelf levels of AX140 is because of its
increased yield stress and lower work hardening capacity (Table %) which

is in agreement with established models. (16).

The observation of an apparent decrease in COD when Bostrand 31 was
tested with the notch transverse to the weld axis ("B" series speci-
mens) could possibly be explained by a differing inclusion spacial

distribution in this direction and is worth further investigatién.

The relative resistance to'cleavage is best considered in terms of
the Charpy curves in Figuré 22 which show that Linde 120 had the
highest resistance followed by Bostrand 31 and AX140. Bostrand 31
and Linde 120 were both predominantly acicular ferrite and can be
compared in terms of the weld toughness models discussed in section
2.2.3. Table 13 shows that Linde 120 contained less proeutecfoid
ferrite and martensite than Bostrand 31, both factors leading to a
higher resistance to cleavage in terms of Garland and Kirkwood's
model. (7). Similarly, increasing heat input increased the pro-
portion of proeuteétoid ferrite in Bostrand 31,lowering its cleavage
resistance (Figures 36 and 37). However, the higher Eesistaﬁce to
cleavage of Linde 120 compared with the two Bostrand 31 weld metals
could equally be explaineéd by other unmeasured parameters, part-
iculérly differing levels of solid solution hardeners, such as
silicon and the possibility‘of vanadium carbide precipitation in

Bostrand 3l.

Vanadium carbide was found in the higher heat input weld but ‘not in

the lower heat input weld used for Charpy testing, although its non
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detection did not meén'it was absent  as detection was extremely
difficult in the fine grained, heavily dislocated structure. The lower
heat input used in this case would increase the cooling rate and make
precipitation less likely but as cementite was detected, it also seems
likely that vanadium carbide precipitation could have occurred. If

this was the case, then it would lower the weld metal's'cleavage

resistance.

The basis of Gafland and Kirkwood's model is that the islands of
martensite in the acicular ferrite dominate cleavage performance. In
section 4,2.1, the attempts to identify the islands of martensit;
shown.in_figure 46 using thin foils was described and it was con-
cluded thét,while lath type areas could be identified, the 1a£hs
could'equélly be interpreted as parallel acicular ferrite grains with
some indications of tetragonality. The presence of martensite as a

discrete microstructural component was therefore not positively

established although Figure 46 suggests its existence.

The existence of martensite in acicular ferrite appears to be con-
ceptually reasonable as carbon would be expected to be rejected at
the growing acicular ferrite interfaces, thus stabilizing pockets

of austenite in the'acicular ferrite interstices. These could then
transform to martensite on further cooling. The presence of cem=
entite on acicular ferrite boundaries (Figure 47) confirms that some
carbon is being rejected, although the observation of carﬂide pre-"
cipitation throughout the grains after heat treatmeﬁt (Figure 68)
suggests that some carbon is retained in the acicular ferrite as
postulated by Tuliani et al., (11). This then leads to semantic

arguments about when acicular ferrite is martensite and if the
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so-called islands of martensite are, in reality, a truly different
crystallographié structure. This is further complicated bf the
possibility of the martensite islands autotempering as.suggested by
the presence of vanadium carbide in the dark band between the acicular
ferrite plétes in Figure 54, If the reason for a crystallographic

difference was initially a higher carbon content, then autotempering

removes- this distinction.

If the model is to be clearly proven, direct evidence of the islands of
martensite causing cleavage crack initiation is required. In this con-
text there appear to be two possibilities; the islands-of martensite
crack and the crack propogates into the surrounding ferrite in a
manner-analogous to cleavage cracks caused by lamellar carbides (103),
or the angular nature of the martensite islands causes local stress-:
concentrations in the adjacent ferrite and promotes cleavage crack
nucleation. The site of cleavage cracks in Bostrand 31 was examined
in section 4.2.1, Figure 57, but the cleavage cracks were large in
comparison with the islands of maftensite and no definite inter—-
relationship could be established. It is considered that this struc~
ture was not really suitable for such an examination because the.
islands of martensite were extremely small (up to 1.5 micron). The
martensite in the weld metals studied by Garland and Kirkwood
appeared to be much larger,with sizes ranging up to 4 microns,and
cleavage fracture paths could be more readily studied in this
structure. This is an area of fruitful further work, and while the
apparent dependence of cleavage properties on these islands of
martensite has been noted, direct crystallographic informatioq on

the martensite and its role in cleavage fracture is required.
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The martensitic microstructure of AX140 had a much lower fracture
toughness - temperature dependence indicating that the resistance to
microvoid coalescence was not significantly highar than the
resistance’to cleavage. This shows that inclusion contents have '
to be reduced to raise upper shelf levels to those of the lower
strength weld metals. The factors controlling cleavage fracture in
this microstructure are not readily discernible. Saunders (10)
showed that the major hardenability elements did not significantly
alter the cleavage resistance and it appearé that the ﬁain var-
iable is carbon content,which should be kept as low as possible

commensurate with achieving the necessary strength and hardenability.

In summary, the fracture properties of the three weld metals were
in broad agreement with the various models proposed to relate tough-
ness to microstructure. Linde 120 and Bostrand 31 were both pre-
dominantly acicular ferrite with Bostrand 31 having a higher pro-
eutectold ferrite and martensite content. The cleavage resistance
of Bostrand 31 was less than that of Linde 120 as predicted by the
proposed weld metal toughness models. Attempts made to clarify the
role of martensite in acicular ferrite showed that its effect is
complex and its relationship to cleavage fracture is not easy to

~ establish. The need for furthef work in the area was highlighted.
The limiting aspect of martensitic weld metal toughness appeared to
be the inclusion content which would have to be decreased to raise
upper shelf fracture resistance to the same levels as the lower

strength weld metals.
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S.h4 COD data and defect tolerance calculations

S.4.1 Introduction

The COD and J contour integral results enabled the calculation of as
deposited and post weld heat treated defect tolerance levels and
this has enabled qﬁantitative assessments of the significance of the
observed embrittlement. In this section, the significance of the
defect calculations are examined and the importance of residual
stress levels remaining after heat treatment is noted. Before, the
defect tolerance calculations are considered in detail,

some further brief comments on the magnitudes of the COD and J

results are necessary.
5.4.2 COD and J results

The as deposited COD results are best considered by reference to
Figures 36, 38 and 33 which show the variation of S, and éi with
temperature for the three weld metals deposited at 1.18 KJ/mm.
Upper shelf values of Sm are in the range of 0.21 to 0.24m¥. for
Linde 120, 0.16 to 0.21 mm. for Bostrand 31 and 0.10 to 0.12mm. for
AX140, Comparison between these values and other published weld
metal data initially indicates that these values appear to be low:
upper $helf.values of 0.4 to O.6mm. have been recordeq for Bostrand
31 (99), while values of up to O.8mm. have been recorded for low .
strength manual metal arc weld metals. (29), However, the low &
values obtained in this work weré_é direct consequence of two py}n-
cipal factors; the use of a fatigue cracked specimen and the use

of the Well's equations (equations 1 and 2 section 3.3,5.5) to .. .



calculate 8§ from the clip gauge opening. The publishéd values
quoted above were detérmined from specimens containing a slit notch,
typically 0.15mm. wide, and by using the equation suggested by
Ingham et al., to calculate §(100). Both of these factors cause a
considerable increase in apparent § (58, 73) and this has been con-
firmed with weld metals. (2). Saunders (10) measured 6§ in 900 MN/m2
martensitic weld metals using fatigue cracked specimens and obtained
- upper shelf values in the range of 0.10mm. to 0.20mm. which further
suggests’ the magnitude of the values obtained in this work are of

the right order.

The attempted determination of Gi was discussed at length in Chapter
3, section 3.3.5.6, where it was noted that while §, was difficult
to detect, indications were that it was not significantly lower than

S in the as deposited weld metals.

The occurrence of pop-ins was also noted and the problem arose of
deciding whether the pop-in value of COD or the subsequent higher
maximum load_COD was the critical fracture characterizing parameter.
Pop-ins-were observed in all the embrittled weld metals and also in
the 3.15 KJ/mm Bostrand 31 weld. The potential drop'frace indicated
that arrest of the crack occurred and this arrest could be attrib-
uted to a number of possibilities.

(a) The crack propagated into a metallurgically tougher micro-
structure.

(b) The stress intensity at the tip of the advancing crack was
reduced by load shedding on to microstructural regions capable‘df"
withsfanding higher strains (or 8). ‘ ) ol T
(c) Load was shed on to the plane stress regions'near thé:sﬁecimen

surface again lowering the stress intensity at the tip of the
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propagating crack..

Figure 100 shows a specimen where the behaviour in cases (b) and (c)
appeared possible. Shear lips can be seen on either side of the
specimen with two bands of brittle interéranular fracture separated
by a more ductile region in the centre. The brittle bands coincide
with columnar regions while the more ductile central region is
associated with the reheated refined zone. It can also be noted
that the fatigue crack is shortest in the area of the left side
columnar grains which would cause the highest stress intensity to
be located in the least tough microstructure. The pop-in observed
on this specimen was very large and was considered as a Gm value,
but this.type of structure could be envisaged as causing small pop-
ins if.the crack extended preferentially into the columnar regions
and load was shed on to the metallurgically tougher central region
and on to the shear lips. The pop-ins could therefore be directly
attributable to the bands of embrittled columnar structure, the mag-
nitude of the pop-in and whether macroscopic failure occurred being
controlled by the relative amounts of brittle columnar material at
the notch tip and its position relative to the centre of the speci-
men. While pop-ins gave an indication of brittle components within
the structure, the maximum load COD, Gm, was considered as giving a
more realistic value of the overall fracture characteristics of the.

composite structure.

The difficulties encountered in determining the appropriate

FEEE

eritical value of & applied equally to J. In terms of J determin-
ation in general, it appeared that the values determined were of the

correct order and showed good agreement with published finite

-

hoiTe T

element solutions (Figures 40 and 41). The deviation of the §-J

e



curve at low values of § indicated that the use of § to calculate J
would underestimate it in this range, but as this range was in, or
just above the linear elastic region .it would be more appropriate to
calculate corrected K, values directly. This would present no
additional work provided the compatible specimen geometry was usgd.
Apart from this restriction, the determination of J from load/clip
gauge opening traces was straightforward, the only major experimental‘
difficulty being the detection of slcw crack.growth, a problem which

equally affects Gi determinations.
S5.4,3 . Defect tolerance calculations

The defect tolerance calculations described in section 3.8 used COD
values corresponding to crack initiation in the as deposited case
and corresponding to fracture in.the embrittled case, there bging no
preceding slow crack growth.,  All tests were performed on 10mm thick
specimens and it is not possible tglcategorically state that thé
results are thickness independent, although Gi has been foﬁnd to be
_ independent of thickness in some materials. (70). This will not
change the implication of the findings as the same defect télerance
variation could be expected in thicker specimens. What should be
noted is that increasing the specimen thickness will decrease the

defect tolerance, all other factors,such as notch acuity being equal.

The use of less than full plate thickness specimens could also be
criticized on the grounds that they did not test material from the
high dilution root region. In termé of the two types of embrittle-
ment found, examination -of the low dilution area may not have =~
revealed any embrittlement.  In the case of the vanadium beéfiﬁg

weld metal, dilution from the vanadium free parent plate material
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would have lowered the vanadium content in thié region and lowered
embrittlement levels. Where temper embrittlement caused embrittle-
ment, especially in AX1u0, susceptibility at the root should again
have been lower because the HY120 had a lower phosphorus content
(0.005%) and dilution from this source would have lowered the nett

weld metal phosphorus level.

The results of the defect tolerance calculations using the Welding
Institute design equation and the J contour integral and assuming a
working stress of %-minimum plate yield are shown in Table 12. If

the Welding Institute design equation results are initiélly con-
sidered, they show that Linde 120 has the highest defect tolerancé
followed by the 1.18 KJ/mm Bostrand 31, the 3.15 KJ/mm Bostrand 31
and AX140. As noted in section 3.8, the quoted defect sizes cor-
respond to the half length of a through thickness crack and inspection
of Table 12 shows that the léngths of crifical‘defects are very small
e.g. 6.5mm. for Linde 120 thch was the toughest weld metal. However,
it should be stressed that these defect estimates are conservative
because they are based on fatigue crack,initiation values of §,
whereas the usual use of the design equation is based on maximum load
§ values obtained from a 0.15mm. slit notch. (2). If the as
deposited design equatidn*'is considered, from section 3.8:

-5 - .GE R (i)
217(0w + 0.750y)

It can be seen that a varies proportionally with 6 for a given stress

level. . The considerably lower value of § determined from crack

initiation in a fatigue cracked specimen will therefore be directly

#NB. The equation numbers refer to equations in this section gﬁ}yﬂ_'
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reflected in a-<lower predicted value of a.

Dawes ‘has shown tha* critical crack lengths predicted;from-&m.in 0.15mm.,
notch COD specimens give-.conservative estimates of the defect length
necessary to cause ‘fracture in a wide plate test,'thearatio of a -
measured in the wide plate test to a.predicted by the use of COD data
in the design equation varying from'l.3 to 4.5.-(2). Therefore, if
the use of Gmax measured on O,15mm. notch specimen gives a conser-
vative estimate of defect tolerance,: the use of fatigue.crackhﬁi
values, which are considerably lower than the former for a given
material, will further increase.the conservatism of the defect toi—

erance estimate,

There‘is,.however,ione necessary qualification for the above con-
clusion. The. wide plate tests reported by Dawes contained O.15mm.
sawn notches and if fatigue cracks had been used, it is probable
that the resulting defect-tolerance -would have been reduced. Dawes
argues that the sawn notches should be considered as "natural"
defects as they contained hydrogen cracks at the notch tip. It is
not possible to categorically state if these '"natural" defects were
as severe as a fatigue crack: if they were not then the level of
conservatism is ecritical crack 1ength predictions, based on fatigue
cracked Gi values, would be reduced if the wide plate tests used

fatigue cracks.

Defect tolerances calculaté&.for the post weld heat treated weld

metals show that the defect tolerances for.» Bostrand 31 and AX140

actually increase if it is assumed that the treatment completely

‘4 'JV

removes resmdual stresses (Table 12) - This result 1n1t1a11y appears
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anomalous as it would be expected that the marked embrittlement
observed (Figures 36 and 39) would cause a decrease in defect tol-
erance. What the results in fact imply,is that the removal of res-
idual stresses completely offsets the effect of embrittlement. If
25% of the original re;idual‘stress level remains after heat treat-
ment then the defect tolerance is lower than the as deposited value.
The importance of remaining residual stress levels can be clearly
illustrated if the critical crack size is plotted against residual
stress levels after heat tréatment as is shown in Figure 101. The
appropriate embrittled values of § and J for Bostrand 31 (1.18 KJ/mm)
and AX1L40 were used to calculate values of the critical "predicted
crack length a over the range of residual stress levels, zero to
equal to the yield strength. The calculations were based on the
Welding Institute design equation, Figure 101 (a) and the J integral

design equation Figure 101 (b).

The equations for the curves were derived as follows:

COD case (Figure 101 (a))

For zero residual stress, from section 3.8.

.a- = GB - LR I (ii)
2w(c“ - 0.250y) .

If a residual stress op is present where O (dR< U?, the total strain

is given by:

a ag ssns (iii)

e . .
. e g o
y b § y
.: e - GE XX (iV)
d a =

21!(6H - 0.250y - aR) _ _ _ -

The abscissa of Figure 100 (a) is the pefcentage of residual stress

remaining after heat treatment i.e.-GR

o
y v b

x 100, .. The as deposited_
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defect tolerances of Bostrand 31 and AX140 are indicated as D1 and El

respectively.

J design case (Figure 101 (b))

For zero residual stress and using a plane strain plastic zone cor-

rection, from section 3.8,
-_ b J.E.

AT % 2 2

m(l -v )(cw)

sais )

(The zero residual stress defect tolerances calculated in Tahie 12
do not contain the plastic zone correction factor 5/6 because -

Uw'< Otacy'but a plastic zone correction .is used here for.continuity
as o t+o0 increases).

R

If a residual stress or is present where 0 < Og - < ay: ;

3= 5 g:b Ceeee (Vi)

5 1(1 - v¥)(o, + 0p)?

The abscissa of Figure 101 (b) is the percentage residual stress

remaining after heat treatment i.e. op X 100.

The rapid decrease in defect tolerance with increasing amounts of
residual stress remaining after heat treatment,is clearly demonst-
rated with the defect tplerance falling b?low the as deposited
defect tole;ance level when the remaining residual stress exceeds
very iow values. |

-Thé impoftant implication of this résult is. that it is necéssary

to know the actual reéidu&l stress level after post weld heat treat-

ment if the heat treatment causes embrittlement. The limited

material published on residual stress levels in HY series plate



materials and weld metals,indiéates that post weld heat treatments of
six hours in the 500 to 600°C range do not totally remove residual
stresses (Figure 102). (21). As relatively low levels of residual
stress can critically alter the nett defect tolerance of a material
embrittled by heat tréatment, the frequently used assumption that
post weld heat treatment leads to the complete removal of residual

stresses can lead to a non conservative estimate of defect tolerance.

While it is possible to raise many conjectural arguments about the =

validity of some of the assumptions implicit in the derivation of -
the design equations, their correlation with wide plate test -
behaviour for the as deposited case is established, and these cor-
relations represent the best available fracture theory to-daté.
However, when the stress relieved assumptions are considered, there
appears to be only one instance where wide plate tests have been
made to check COD predicfions. This information is contained in a -
paper by Dawes (102) and unfortunately, he gives very little
infoémation about the wide plate tests, although sﬁfficient.data is
presented to enable some defect tolerance calculations to be made
here. The weld metal considered has a composition very simiiar to
Bostrand 31 and COD tests showed that the critical COD decreased
after stress relief. Defect tolerance calculations using this data
‘can be made. In this instance, a working stress of éla piate yield
is assumed aﬁd equation (i) is used to calculate the critical crack
size in the as deposited case, while equation (ii) is used for the

stress relieved case (assuming zero residual stress).

E

a -
211(0w 0.250y)

eees (ii)
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. 2 2| -
Gcmm UyMN/m . UWMN/m a mm
As deposited .07 - 704 380 2.53
Stress relieved .025 809 380 4,61

The - increase in defect tolerance,despite embrittlement reduéinguﬁc’ is
clearly illustrated. The wide plate tests carried out on the as.
deposited and stress relieved welds contained predetermined defect
lengths and so the predicted critical crack lengths were calculated
from the fracture stress. The. two results obtained ior the stress
relieved weld are marked SR in Figure 103 which also includes results
from other tests. The significance of this result is that the pre-
dicted defect size is again less than the critical defect size to
cause fracture,which means that equation (ii) gives a realistic
estimate of the effect of the removal of residual stress. The cal-
culation was based on assuming zero residual stress (equation (ii))
and if residual stresses had been present,they would tend to reduce
the conservatism of the defect tolerance estimate. The fact that
assuming zero residual stress still gave a conservafive estimate of
the critical crack size means that either the actual residual stress
level was very low or that there is a sufficient margin of con-
servation in equation (ii) to accommodate some residual stress with-

out giving non conservative critical crack sizes.

it cannot be argued that the use-of the Welding Institute design
equation for weld metals embrittled by stress relief has been pos-
itively substantiated when only two tests have been performed on~
one weld metal. It is hoped that further work,considering the
effgcts of residual stresses on wide plate test. results,will be

carried out so that correlations with COD behaviour can be further

reinforced. This is very important because the use of such a



detailed design approach appears to enable embrittled weld metals to

be safely used provided residual stress levels after post weld heat

treatment are known.

Table 12 also shows defect tolerance calculations Based on J values
and assuming the same working stress levels. The absolute magnit-
udes of the critical cfack sizes are approximately 3 times greater
than the‘eqﬁiQalentNCOD - Weldiﬁé Ihétifuté design eQuétioh pre-
dictions, although no séfety factor has been included'iﬁ the cal-
culation, whereas the latter'apbroéch has been shown conservative.
These results also indicate a substantial improvement in defect
tolerance after heat treatment if zero residual stress levels are

assumed.

The;e are no obvibusiy inéorréct-assumptions in the calcuiations,
although the factbring of the pi&étic zone conections could be
disputed, The assumption that the‘éffécfive stress in the as
deposited case is equal to cy, the yield stress, undoubtedly under-
estimates the true effective stress due to the superimposition of
the ﬁofking stress on the residual stféss. On the-cther hand,
ad&ing the stresses would result in aﬁ over;estimate of the true
stress intenéity. This is because the actual loading in such cases
is strain, rather than stress, controlled. The true effective stress
would 1ie Between the-two extremes and therefore, the J ba;ed'as
depositéd crack sizes listed in Table 12 are likely to be an over-
estimate of the true critical crack size. The use of a true effect-
ive stress value would then reduée these values towards the COD,as
deposited values. However, this factor does not change the main .’

Y

point of the argument. The reduction in as deposited crack lengths
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would further increase the magnitude of the nett defect tolerance

improvement after post weld heat treatment.

This nett improvement is due to the dominant effect of 02 in the

general design equation (including plastic zone correction).

5 T J.E.

a = WA, LT E—
an(l - v?)

eees (vii)

ol

The importance of residual stresses remaining after post weld heat
treatment is through its uffectively squared effect i.e.

J.E.
2 2
(1l - v )(cw + aR) ‘

ojw

a =

eeee (Vi) -

Small changes in the level of residual stress can therefore offset
changes in J due to embrittlement and the importance of knowing
residual stress levels after post weld heat treatment where the weld
metal is embrittled is again dgmonstrated.(Figurg 101), Little
further comment can be made on these results as the whole J concebt
in terms of defect tolerance is untested and the validity of the
approach needs to be confirmed by large scale simulative tests such
as wide plate tests. However the J results confirm the trends

shoﬁn by the COD results, the only difference being in the magnitude

of the critical predicted crack sizes.

The main points from the preceding discussion can be summarized as
follows:
1. The apparently low magnitudes of upper shelf,as deposited §m=

)

and Gi values were directly attributable to the use of fatigue

cracked specimens. Comparisons with other weld metals tested using |

fatigue cracked specimens showed that the magnitude of the results

was of the right order.
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2. The use of éi values obtained from fatigué cracked specimens in
the Welding Institute design equation resulted in very low as deposited
defect tolerances which were possibly over-conservative because the
equation had been derived from machined notch,ém values,

3. The Welding Institute design equation predicted a nett improve-
ment in defect tolerance after post weld heat treatment for Bostrand
31 and AX140, even though substantial embrittlement had occurred.
This assumed total removal of residual stresses, gut if sbme residual
stresses remained after heat treatment, defect tolerance decreased
rapidly as remaining residual stress levels increased above zero.

4, Values of J determined from load/clip gauge traces showed good
agreement with published finite element solutions with some tendenﬁy
to. under-estimate J at low COD values,

5, Defect tolerances derived from J values showed the same trends
as those from COD values, although they were up to 3 times larger in

magnitude.

5.5 Practical implications and further work

The work discussed in the previous sections has shown that each of

the three high strength weld metals examined could be embrittled to

varying extents by post weld heat treatment. Two types of embrit-
tlement were identified; precipitation hardening which promoted
cleavage fracture and temper embrittlement which caused failure
along prior austenite grain boundaries. The heat treatments used
were deliberately extreme to cause a large amount of embrittlement,
so that the cause of embrittlement could be readily identified. ':::
what is now required is the development of post weld heat treatmeﬁt

procedures which are more directly applicable to industrial - i1.: -
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fabricafibnrﬁractice and tﬁrough which the positive advantages of heat
treatment can be realized whilerany'émbfittlement tendencies are mini-
mized. While the treatments detailed in section 3.5 did not cover
evefylcombiﬁation of trea%ﬁeﬁt temperature, time, and cooling rate, |
sufficient information was gained so that appropriate recommendations
can be made for the three weld metals examined and, additionally, guide-
lines for the heat treatment of other high strength, alloy bearing weld
metals'can be suggested.

For a given weld metal, the maximum treatment temperature will be dictated.
by either the temperature at which the weld metal is softened,
lo#efihg'its_foom temperature strength below the design requirement,
or by fhe‘témpering temperature of the plate material, the lower of
the two being used for treatment. The weld metals must therefore be
considered in combination with the appropriate parent plate. While
lower treatment temperatures could be used, this would necessitate |
longer treatment times for the same level of stress relaxation (21)
and as the likely treatment temperatures are in, or just above the
HOOItOISSOOC“femper embrittlement range, as high a treatment
temperature as possible avoiding plate or weld metal softening
should_be'used. Further considerations of appropriate heat treat-
ment précedures are better illustrated by considering each weld

metal in tufh;_

Linde 120 used in conjunction with HY100 plate was found to'be.only

slightlflsuscepfible to temper'emﬁritt}ement, but it must be stressed
“that other treatment schedules, péfticulaﬁly using very slow coolipg-
rates may have increased éﬁhbitt;ement; 'The treatment cycle should

therefore be designed to avoid embrittlement from this source. The
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maximum temperature to avoid weld metal softening is approximately
600°C which i; similar to the plate tempering temperature and if this
treatment temperature was used it would give maximum stress
relaxation in minimum time. Linde 120 did not appear to be_embrit- )
tled by prolonged exposures at. high temperatures (Figure 33), but

the bulk of stress relaxation would probably occur in the firét

two hours as found in other high strength weld metals (él), so treat-
ment times should be restricted to similar periods. The final level
of embrittlement will then be dictated by the maximum cooling rate
after treatment. [Figure 33 shows that cooling rates of 100°C/hour

or greater will not cause marked embrittlement, butlembrittlement
could be expected to increase if slower cooling rates were used.

The actual cooling rate achieved will be dependent on the strﬁctural
configuration of the fabrication and thé section thicknesses. If
slower cooling rates do occur then it would be necessary to simulate
them in a weld sample and evaluate the effects by Charﬁy testing. .
If these tests in turn showed marked embrittlement th;n‘a fracture
mechanics analysis would be required. This will bé_further'ﬁiscussed-

after the other two weld metals have been considered.

AX140 was significantly more susceptible to temper embrittlement
than Linde 120. Similar treatment constraints apply to this weld
metal as ou?lined above for Linde 120, with the additional factor
that as treatment temperatures will be in the embrittlement range
(HY130 is tempered at 565°C (21)), the treatment time should be
kept very short e.g. 2 hours. Figure 33 indicated that at 100°c(
~ hour cooling rates, there will be sqﬁe embrittlement which could
be expected to increase for slower cooling rates, so it appears

that some embrittlement must be expected unless very high

L T
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cooling rates are used. . Again the significance of this embrittlement

can only be evaluated by a fracture mechanics analysis.

Bostrand 31 was embrittled by vanadium carbide precipitation which
promoted éleévagé fracture and embrittlement was detected after

1 hour in the 550 to 650°C temperature range. The design of a suit-
able treatment for this material is therefore severely restricted. The
possibilities appear to be either overageing by holding for pro-
longed periods at 650°C or by treating at temperatures Lelow the
vanadium carbide precipitation range. The former alternative would
probably be unsuitable as it would lead to plate softening (HY180 is
tempered at 650°C (6)). With the-second'alternative; very low
treatment temperatures would be required as vanadium carbide Ean
begin to precipitate at 450°C after ‘15 hours(110) and embrittlement
was detected aftér 50 hours (Figure 24). This means that temper-
atures around 400°C would be required and it is doubtful if signif-
icant stress relaxation would occur. If HY80 fabrications require
post weld heat treatment,it would be more advisable &o change to a
vanadium free consumable. Vanadium was undoubtedly added to

promote acicular ferrite formation but this could also be achieved
by increasing molybdenum and nickel as in Linde 120. With suitable
modification, a heat treatable weld metal could be developed,
although'precautions against ‘temper embrittlement should still be
taken.

The above discussion has been based on avoiding or ninimizing any ;f
embrittlement. In section 3.8, defect tolerance calculations * + °'
showed that the defect tolerance of the embrittled weld metals = ' "

actually increased if total removal of residual stresses was

assumed. Additionally, it must be emphasized that these calculations

-
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were based on extremely severe embrittlement treatments e.g. 550°C for
50 hours for Bostrand 31 and AX140. A less severe treatment, for
example AX140 treated at 550°C for 2 hours and cooled at 100°C/hour,
causes much less embrittlement (Figure 33) and would therefore result
in a higher defect tolerance, thus increasing the magnitude of. the
improvement in defect tolerance after heat treatment. This therefore
suggésts that, provided treatment times are kept short and fairly
rapid cooling rates are used, Bostrand 31 and AX140 can be post weld
heat treated safely. Tha qualification must be added that the final
defect tolerance will be dictated by the remaining residual siress
levels after heat treatment, as shown in section 5.4 and Figure 101.
This then means that prospects of post weld heat treatment should
not be abandoned.if, for example, Charpy testing shows that embpit-
tlement occurs. What is thep required = are COD (or J) tests on
weld metal which has been cycled through the actual proposed heat
treatment cycle,. Thisldata,glong with stress relaxation data to
indicate remainiﬁg residual stress levels,can be used to calculate
defect tolerance levels. These results may then indicate that while
embrittlement occurs, residual stress levels are sufficiently

reduced to actually increase defect tolerance.

Also noted in section 5.4 was the observation that the satisfactory
use of the Welding Institute design equation has only been demon-
strated in one instance for post weld heat treated weld metal and
this is possibly the most important area for future work. If further
COD or J,and wide plate test correlations confirm the reliability_gf
theIWelding Institute design approach in dealing with stress relieved

weld metals, then some weld metal embrittlement may well be tolerable.
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The findings. from this work can be used to establish guidelines for
the post weld heat treatment of other high strength weld metals.

The most important consideration is that temper enbrittlement can
occur during a normal heat treatment cycle, as shown by the 10 hours.
at 550°C, 100°C /hour cooling rate,cycles for AX140 and Linde 120.
The manufacturers of Linde 120 are currently contemplating a treat-
ment of 50 hours at 607°C and cooling at S.SOC/hour'(QSJ which dem-
onstrates that the slow cooling rate cycles used in this work were
by no means extremely unrealistic. Temper embrittlement could be
expected to be significant in the proposed Linde 120 treatment. If
the possibility of temper embrittlement is acknowledged then the
basic heat treatment cycle should be designed on the basis of'usiﬂg
the highest possible temperature for a short time, e.g. 2 hours, and
cooling as fast as possible. This cycle should be checked by doing
an exact simulation on a weld sample and performing Charpy test com-
parisonsbwith the as deposited weld metal. If embrittlement is °
detected then a more detailed fracture mechaniecs aﬁalysis,-as out-
lined earlier in this section, would be required. Such a simulative
cycle would also indicate if embrittlement caused by precipitating
carbideS'was present; vanadium, niobium and possibly titanium being
the likely responsible alloying elements. Molybdenum at levels ‘up
to 0.6% did not appear to promote embrittlement in this work, -
although there are contrary reports in the literature (7) which were
discussed in section 5.2.2. These findings should be relatively
independent of.the welding process used and could equally be expected
in MIG yelds as the impurity content or strong carbide forming alloy
content will be dominated by the welding wire composition. The only
additional factor to consider is that it appears that martensitic

weld metal microstructures are more susceptible than acicular -
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ferrite and so temper embrittlement will be a greater problem at
higher strength levels where martensitic structures are required (above
836 MN/m?).

In the preceding discussion, attention has been_fodussed on the weld’
metal, but it should be noted that temper embrittlement is also
possible in the plate material (109) along with problems. such as -
reheat cracking. These considerations are beyond the scope of this
work, but plate material should also be examined prior to embarking
on post weld heat treatment. The problem of reheat cracking is
usually more common in creep resisting steels, although many aspe;ts
of it are related to segregation of impurities to prior austenite
grain boundaries. This subject has been comprehensively reviewed by

Boniszewski. (111).

Possible future work on the problem of embrittlement caused by post
weld heat treatment can be divided into two areas. The first is
further confirmational work on the fracture mechanics predictions

as has been previously mentioned. While this does not overcome the
pfoblem of embrittlement, it may well show that embrittlement is not
a broblem. the effect of removing residual stresses compietely over-
riding any embrittlement. The second is work to remové, or minimize
anﬁ embrittlement. This should be straightforward in the case of
embrittlement caused by precipitation hardening by discontinuing the
use of vanadium and niobium to promote acicular ferrite ana suitable -
compositions free of this problem, such as Linde 120, are -already"
available. The problem of.temper embrittlement is less straight-
forward as indicatea by the sustained research in this area over

the last few decades. Further reduction of phosphorus levels is an
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obvious solution and it is interesting to note that this is the exact
solution suggested by Wolstenholme when he observed temper embrittle-
ment in a manual metal arc weld metal. (56). The phosphorus levels he
examined were 0.02% which have been halved in AX140 and yet temper
embrittlement persists. A relatively simple further step would be

to reduce the phosphorus level ig AX140 to the same level as that in
the parent plate, HYlab,which is 0.005%. 1If this doos not solve, or
reduce the problem, it is difficult to see that the economic pénalty
in further reducing phosphorus levels will be justified by the
improved temper embrittlement resistance. This again suggests that
the fracture mechanics analysis may hold ‘the solution,or at least

the final compromise.



CHAPTER 6

CONCLUSIONS

14
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The effects of post weld heat treatment on the properties of three
high strength submerged arc weld metals spanning a yield strength

range of 550 to 900 MN/m2 were examined and the following conclusions

drawn.

1.  Post weld heat treatment over the temperature range‘of 450 to
550°C causes embrittlement of each of the three weld metals.
Bostrand 31 and AX14O0 could be severely embrittled while Linde 120

was only slightly embrittled.

2, Bostrand 31 was embrittled by the precipitation of v%nadium car—
bide which promoted transgranular cleavage fracture. Embrittlement
occurred over the 450 to 650°C temperature range and was greatest at

550°C. The embrittlement severity increased with treatment time.

3. Vanadium contents of 0.12% were sufficient to cause severe pre-
cipitation hardening embrittlement. -Molybdenuﬁ at levels up to
0.6% did not cause precipitation hardening induced embrittlement -
after 50 hours at temperatures corresponding to the peak secondary

hardening temperature (500°C).

4, Embrittlement of AX140 was caused by classical temper embrittle-
ment which caused decohesion of prior austenite columnar grain
boundaries. This form of embrittlement was also responsible for the

!

slight embrittlement of Linde 120.

5. Temper embrittlement was caused by the migration of phosphorus
to prior austenite grain boundaries during post weld heat treatment

in the 450 to 550°C temperature range. A bulk phosphorus content
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of 0.011% was sufficient to cause severe embrittlement. The amount
of embrittlement increased with treatment time and decréasing cooling

rate after post weld heat treatment.

6. Martensitic weld metal microstructures appeared to be more
susceptible to temper embrittlement than acicular ferrite micro-

structures.

7. Heat treatment at relatively high temperatures (650°C) could
cause an increase in toughness over as deposited toughness levels,

but caused an unacceptable decrease in yiéld strength.

8. The relative as deposited toughness levels of the three weld
metals could be successfully ?elated to their miecrostructures in
ferms of existing weld metal toughness models. The role of

, maétensite in acicular ferrite was examined and it was concluded .
that its relationship to éleavage fracture needs further clarif-

ication.

9, Defect tolerance calculations based on COD and J contour

integral data showed that the defect tolerance of AX140 and Bostrand
31 increased after post weld heat treatment, even though the treat-
ment caused severe embrittlement. Itlwas found that residual stress’
levels remaining after heat treatment could critically affect the
final defect tolerance with defect tolerance decreasing répidly as

residual stress levels increased above zero.
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10. The results of the embrittlement study suggested that Linde 120
and AX140 could be heat treated with minimum embrittlement by using a
treatment temperaturz equal to the plate tempering temperature, a
short treatment time and as high a cooling rate as possible.
Bostrand 31 cannot be post weld heat treated without substantial
émbrittlement. However, the fracture mechanics analysis showed that
some embrittlement could be tolerated and still lead to an increase

in defect tolerance after heat treatment.

11. The possibility of both temper embrittlement and precipitation
hardening embrittlement should be recognized when designing post weld

heat treatment procedures for high strength weld metals.
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APPENDIX 1

Fracture mechanics notation

Load

Crack length

Critical crack length predicted by design equations
Specimen thickness

Specimen width ' T

Specimen span between supports in 3 point bend test
Clip gauge opening

Clip gauge opening at crack initiation

Clip gauge opening at maximum load

Crack opening displacement .

Crack opening displacement at crack initiation
Crack opening displacement at maximum load

Critical crack opening displacement at fracture
Non dimensional function of a/W

Height of knife edges

Weld metal yield stress

Working stress

Residual stress

Stress

.Strain

Yield strain

Young's modulus

Poisson's ratio

J contour integral

J contour integral at crack initiation

J contour integral at fracture
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Le=Ja]

pP=q

c

p-=v

55J

L |

Stress intensity

Stress infensity at fracture : g/
Plane strain fracture toughness

Fatigue stress intensity s

Load point displacement

Area under load/load point displacement curve.

Area under load/clip gauge opening curve -

55 joule energy absorbed temperature in Charpy test

Test temperature .
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" APPENDIX 2

Calculation of errors in the determination of COD

It was noted in section 3.5.5.5 that the Well's equations contain a
value of ay, the weld metal yield stress and as this varies with
.temperafﬁre, a rigorous calculation of § should use a value of ¢
determinéd at the test temperature in qhestion. In this work, the
value of qy used in all calculations was determined at 20°C iny.

As o& increases with decreasing temperature, the 20°C value would
underestimate the true °y value at low temperatures and hence, §
values calculated from the 20°C value of ay would over—éﬁtimate the
true COD as test temperature decreased. An estimate of the maximum
likely error was calculated from data presented by Saunders (reference
10) who determined the variation of yield stress with éemperature for
a series of high ﬁtrength martensitic weld metals. These results -
~indicated that Gy could igérease by up to 25% over the 20° to -775°%
range. The maximum error would therefore be represented by the
increase in yield stress at -75°C. COD values were calculated for
values of clip gauge opening V, ranging from b.lO_to 1.50mm., the
range coveréd in the present work. A constant a/W of 0.5 was

assumed and the calculations were based on the as deposited yield

strength of AX140 assuming zero increase and a 25% increase in yield

stress.
v
o MN/m?l 0.1 0.2 0.3 0.4 0.5 0.8 1.0 1.5
Zero Increase | 887 004 .018 .040 .062 .08% .150 .195 .306

s .
25% Increase | 1108 .004 .015 .03% ,056 .078 .14% .183 .300{
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I Uy increased by 25% the calculated COD was lowered by 0.006mm. down
to a clip gauge opening of 0.3mm. whereafter the difference tended to
iero. The over-estimation of § due to using the room temperature value
of ay was accordingly 0.006mm. maximum and would decrease as test
temperatures increased above -75°C. The magnitude of this over-
estimation was small in relation to the scatter and to the absolute

values of § and was acéordingly considered negligible.
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APPENDIX 3

Quantitative Metallography

The area fractions of the constituents, proeutectoid, ferrite, acicular
ferrite and martensite were determined for the three weld metals,
Linde 120, Bostrand 31 (1.18 XJ/mm) and Bostrand 31 (3.15 KJ/mm). _“
Martensite was assumed to be present in the acicular ferrite and so
the area fractions of proeutectoid ferrite and acicular ferrite plus
martensite were initially determined. The percentage of martensite

in the acicular ferrite was thén"detérmined,giving absolute values of
the martensite and proeutectoid ferrite and the percentaée of acicular
ferrite was obtained by subtraction. Determination of proeutectoid

- ferrite and acicular ferrite plus martensite was carried out on

nital etched specimens at 200X magnification while the area fraction
of martensite was'measurqd at 2000X magnification on specimens etched

in 4% picral.

A "Swift" point counting system was'ﬁsed for all determinations, in
which,a cross is displayed in the eyepiece of a conventional optical
microscope. The structure under the cross is identified and counted
on the appropriate register of a cummulative counting machine. As
each count is made,the cross hairs are moved by a predetermined
amount and thus,counts along é line can be made. To generate a grid
pattern, the cross hairs are moved at 90° to the counting direction
and ‘a new line count is made.. Thus, a grid can’'be built up by per-
forming'several line counts with a comnstant spacing between the -

lines.

In this work, it was noted that proeutectoid ferrite was very

directional and therefore required a sduare grid count to arrive at
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an unbiaéed estimate. The grid used was 50 coﬁnts at 0.02mm. intervals,
which were repeated for 10 lines,lmm..apart,giving 506 counts over a
10mm. by 10mm. area. (These were the actual displacements of the cross
hairs in the eyepiece. . The, actual movement over the specimen is found
by dividing the displacements by the magnification factor).. As the
martensite was uniformly distributed throughout the acicular ferrite, -
the grid adopted for the high magnification work was more directional,
using 5 lines of 100 counts in O.lmm. steps with a line spacing of
2mm., again giving 500 counts over a 10 x 10mm. area. Three rand;mly
selected areas were measured at the high and low magnifications on

' each specimen and the mean of the three determinations was used to

calculate the final results which are shown in Table 13.

The volume fractions of inclusions were obtained by calculation,
following a method proposed by Steel (101) where it was assumed that
all sulphur was combined as MnS and all ox&gen_was combined as
2MnOSiO2. Thetuiume_fracfion of each inclusion type can therefore
be calculated directly‘from the chemical analysis assuming the
inclusion density is half that of iron.

Estimates of the acicular ferrite grain size were made by counting
linear intercepts on a O.lmm. gauge length. Each determination was
the meanﬂof 5 counts. The prior austenite grain sizes of Linde 120
and AX140 were estimated by counting linear intercepts on a O.uimm.
gauge length with the counting direction normal to the longitudinal

austenite grain axes. Ten counts were made on each specimen., =~ -
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APPENDIX 4

Determination of retained austenite in AX140 weld metal

The method used was based on the recommendations of a Philips Scientific
Report No. 79.136/RD1 "The determination of retainéd austenite by
quantitative'x-féﬁ diffraction". This method is based on the ratio of
the integrated intensities of a selected ferrite and austenite line
being proportional to the ratio of the volume fractions of each

phase. If the_intenéity ratio is determined, the volume fraction of

austenite can be calculated.

The two lines chosen for comparison were (200)u and'(220)7. The

derivation in the above reference shows that for MoKu radiation:

Yoam
I : 1.31 v LR (l)
a a
-IY - integrated intemsity of {220)r line
Iu - integrated intensity of (200)“ line
VY - volume fraction of austenite
Va - volume fraction of ferrite
Va + VY .- 1 . enasse (2)
I
~ VY = "'I"'I'Y" I_'_;:'—'-'-"' esee (3)
* I—Y + 1,31
(]

Measurement was performed on a Philips X-ray set with a wide angle

goniometer. The experimental conditions were as follows:



Radiation - Mo K,

Voltage 1 48KV %

Current 20 mA

Divergence slit 2 ' , -

Receiving slit © 0.2mm.
Scatter slit .~ 1
Detector : scintillation counter

Scanning speed - 0.25°/min.

Tﬁé ﬁragg angle (26) range scgnned was froml27° to 36° to cover the
(200)u at 28.6° and from 31° to 33.5° to cover the (220)Y at 32.5°.
Counts were printed oﬁt at 4 second intervals and the integrated

intensity was measuréd'by adding the counts under the peak and sub-
tracting the background counts which were determined on either side

of the peak.

Five scans of each peak were made and the means of tﬁe five scans

were used to calculate the mean voluﬁe fraction.

I mean = 14258
a

293

I mean
Y
From equation (3)

V. = 1.5%
Y

The highest value of Iu was linked with the lowest value of IT to
calculate the minimum Va and vice versa to calculate the maximum
giving a final value of:

= 1.5 % 0.4%
Y 1 _
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This value is ﬁt the limit of detection of retained austenite and

must therefore be considered with caution. An even stronger objection
is that preferred orientation in the weld metal was noted by rotating
the sample th?ough 90° which_changed theIIa integratgd intensity.

The derivation of equation (1) assumes random orientation and is not
valid if preferred orientation is present,principally through its
effect on the Lorentz-Polarisation factor used in the derivation.

This further throws the value determined into question._ It was con-
cluded that a peak corresponding to the presence of austenite was

detected, and was due to a small quantity of retained austenite.
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Wire Flux | Plate | Heat | Amps| Volts| Speed | No,of | Pre~heat
‘ input mm/sec | runs c
Bostrand 31 | oP41TT| myso |1.18 | 360 |28 | 8.5 | 46 120
Bostrand ‘31 | OP41TT | HYSBO | 3.15 | = - - - 120
Linde 120 | oP417T | HY100) 1.18 | 360 | 28 8.5 46 120
AX140° - OP41TT | HY1350 | 1.18 | 380 | 32 10,6 | 62 120

Al)l wires 1,6mm in diameter,

Maximum interpass temperature 150 C,

OP41TT marketed by Oerlikon Electrodes Ltd,
Bostrand 31 made by B.0.C.

Linde 120 made by the Union Carbide Corp. Linde
AX 140 made by .the Air Reduction Co, USA.-

Table 2 3 Welding parameters.

Division, USA,




Specimen | Crack length Prédicted* Measured
a nmm, § rm, - § mm,
B1/4 9.42 0.10% 0.121 + 0,012
B1/6 10,10 0.052 0.038- + 0,012
B1/7 10,29 0.081 0.079 + 0,012
. B1/8 10,25 0.103 0.119 + 0,012

* § calculated from Well's equation.(DD 19, (81) ).

Table 3 ; Comparison of calculated 6§ values with those

measured on-the specimen surface,
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Code Heat Cooling | Regression Equation | Correlation Ranga.c T;5J 90%C,. I,
Treatment Rate | y = Inergy,joules |Coefficient t°cC
Temp, Time | °C/Hr, x = Temp. “C,
°c Hr
A 150 1 wQ y =109 + 1,07x 0,962 -80_-!-60 =50 8
B 150 50 wQ ¥ =133 + 1,206 0,901 «80_+20 | =62 9
C 450 1 w y =110 + 1,17x 0,968 -80_+60 =47 9
D 450 50 WQ y =77 4+ 0,75x 0.970 -80__+60 -29 8
E 550 1 wQ y= 59 + 0,66x 0.971 -80_+80 -6 7
F 550 50 wQ y= 34+ 0.43x 0.982 -80_4+80 | +49 5
G 650 1 wQ y= 78 + 0,90x 0,981 =80_460 | ~2 8
I 650 50 wQ y = 431 4+ 4,90x 0.983 =80_~40 | =93 8
Table 5 3 Charpy transition curve regression equations for Bostrand 31.
Code Heat Cooling | Regression Equation | Correlation | Nange ‘c T;5J 909.33.1.
Treatment Rate ¥y = Energy,Joules |Coefficient 2 C
Temp Time | 'C/lr. x = Temp, °C.
‘c Hr
1 150 1 W y = 130 + 0.87x 0.954 ~80_+40 | -86 7 )
J 150 50 | wo y =129 +1,06x | 0.973 ~80_+40 | =70 6’
K 450 .1 wQ y = 114 + 1,06x C.990 ~80_+40 | =56 5
L 450 50 wQ y = 102 + 0,94ix 0.971 =30_+40 | =50 9
M 550 1 wQ ¥y =135 + 1,04x 0.973 =80_+10 | <77 12
N | 550 50 | wg y = 122 + 0,95x 0.972 ~80_#40 | =71 12
0 650 1 wQ y = 151 + 1,07x 0,944 -80_~10 | =90 10
P 650 50 wQ y = 161 + 1,70x 0,938 -80_=10 | =62 10
G1S | 550 2 100 y = 124 + 1,02x 0,987 =80_+20 ~68 7
G2S | 550 10 100 y =112 + 1,05x 0.955 -80_+20 | =54 8
Table 6 § Charpy transition curve regression equations for Linde 120,
Code| Deat Cooling | Regression Equation | Correlation | Range'C T;5J 90‘,.:0.1.
Treatment Rate y = Inergy,joules, |Coefficient +C
Temp Time c/ir x = Temp, C,
*c Hr
Q |150 1 wQ y= 90 + 0,80x 0.958 «80_+60 | =44 6
R 1150 50 wQ Y= 89 + 0,65z 0.931 «80_+60 | =52 7
s 450 i wQ y= 84 + 0,64 0,934 ~80_+60 | =45 7
T 450 50 wQ y= 68+ 0,72x 0,985 -80_+00 | =18 6
U |50 1 wQ y= 98 + 0,83 0,948 ~80_+60 | =52 7
v | 550 50 wQ y= 52 + 0.46x. 0,964 -80_+60 | +7 6
v | 650 1 wQ y = 125 + 0,88x 0,883 -80_+60 | =79 12
X 650 50 wQ y = 153 + 1,48x 0.976 -80_+60 | =66 6
E1 {50 2 | W ¥y = 116 + 1,35z 0,987 | =80_+20 | =45 3
E2 | 550 10 W y= 84+ 0,84x 0.957 =80_+20 | =35 7
E1S | 550 2 100 y= 69 + 0,50x 0.883 «80_+20 | =28 13«
E2S | 550 10 100 y= 71 + 0,69x 0,909 =30_420 | =23 13

Table 7 j} Charpy transition curve regression equations for AX 140,




Spec, Teggﬁl‘lzj‘:::‘ Ez?‘;}:h :n};/mQ Vi mm mem 6% m Gmmm I m:"/ m2 %;:1;
a mm C
D1/1 | AD 10,45 | 717 - |1.130] - |0,216 [252 | -3
D1/2 | AD 10,26 " - {1.105| = ]0.216 |234 -20
D1/3 | AD 9,72 " 1.0.810 | 0,826 | 0,164 {0,168 |157 t | =31
D1/ | AD - 10000 | " | - |o.8| - |o.6:|157 |[-16
D1/5 | AD 10,25 | " |0.35% | 0,556 | 0,054 0,055 %9 | =73
D1/6 | AD 10,66 | " | 0.345]0.662 | 0.049%| 0.1117] 38 1 | =39
D1/7 | AD 9.99 " - 0,965| - [0,193] = +20
D1/8 | AD 10,22 " - |1.270| - 10,253 - +20
p2/1 | 450/50 | 10,08 | 709 | 0,559 | 0,559 | 0,102 0,102 - |-t
D2/3 | 450/50 9.94 | ® - |08 - |o0.05¢% - |39
Dp2/5 | 450/50 9.93 " 10,610 0,610 | 0,115 0.1151 - -40
D2/6 | 450/50 9.97 v | 0.508 | 0,58% | 0,092 | 0,109 | - -31
p2/7 | 450/50 10,0% v | 0.533| 0,648 | 0,096 {0,122 | - -19
D3/1 | 500/50 | 9,76 | 736 | 0.610| 0,610 | 0,117 0.1174 & | =B
D3/2 | 500/50 9477 " - | 0,406 = |0,070] =~ -20
D3/3 | 500/50 9.96 | " | 0,305 0,305| 0,046 | 0,506 - | -2
D3/7 | 500/50 9.69 | " | 0.381]0.381 | 0.065 |0.065"| - | -32
D4/2 | 550/50 9.89 -763 0,330 | 0,330} 0,051 {0,051 | %48 -6
p4/3 | 550/50 10,01 | " | 0,318 | 0,318 0,047 | 0,047 | 40 | =16
D4/ | 550/50 9.8 | " | 0,203 0,381 0,0237 0,063 56 | =29
D4/5 | 550/50 10,34 " | 0,260| 0,267 | 0,034 | 0,036 27 | =40
D4/6 | 550/50 10,99 | " | 0.279| 0,318 0,033 | 0,040 30 | -20
B1/3 | AD 10,49 | 717 | 0.635| 0.635| 0.111 | 0,111 | 117 | +20
Bi/4 | AD 10,01 o 0,660 | 0,660 | 0,125 | 0,125 | 134 +20
B1/5 | AD 10,96 " | 0.699| 0.825] 0,116 | 0,141 | 122 | 420
B1/7 | AD 10,24 " | 0,749 | 0,749 | 0,140 | 0,140 | 147 | 420
B1/8 | AD 10,27 " 0,820| 0,825 0,135 | 0,140 163 | 420
x - Pop in, z = 5,77 mm,
* = Fracture on a rising load curve, AD - As deposited
t = J value at initiation, 1 mm/min, strain rate,

Table 8 3 COD and J results for the low heat input Bostrand 31 (1,18KJ/mm).

Transverse notch " B series " ineluded,



Spec Tenlgfl’l‘{;::i gﬁ;:h :&:/m2 Vi mm |V oom |8 mm |§  mm Ki‘m/ o gcé;;
a mm C
H1/1 | AD 9.25 | 648 | 0.500 | 0.699 |0.102 |0.1507| 82 t 420
m/2| » 10,06 w | 0,445 | 0,851 | 0.079%| 0.168"| 150 | -1
/3 " 9.51 " 0,660 | 0,902 | 0,136 0.193* 215 -23
m/u| » 9.70 | " |0.178 |0.965 | 0.021%|0.205"| 188 | -39
m/s| 9.66 | - |o.508| - [0.098"| 84 |-30
m/6| " 9.83 | " | o0.216|0.546 |0.020%| 0,10 | 97 | -12
H1/7 | ™ 9.22. | " | 0,343 |0.9%0 |0.065%|0.205"| 212 | -5
m/ef " . |13 | v [ - o3| - |0.055 | 50 |43
m/e] *  |10.47 | v | o.2u1 |0.635 [0.031F]0.116%] 111 | =35
ms/1 | 550/50 9.80 | 740 | - |ou32| - [o.076"| 74 | 420
ns/2 R - 9,78 | 0.241 | 0,445 | 0,032F 0.074* 76 +22
H4/3 " 10,46 " 0,216 | 0,394 | 0,023 0.061* 59 0
o 10,31 |. " | 0.127 | 0.368 |0.008%|0.057°| 49 | -21
w/s| » 10,2 | ® - loa78| - o027 15 | -uo
-x = Pop in, ’ z = 5,77 m, .
#* - Fracture on a rising load curive. AD ~ As deposited

t - J value at initiation. 1 mm/min strain rate,

Table 9 3§ COD and J results for the high heat input Bostrand 31|(3.15KJ/m).



el e L P Bt el e Rl PR

a mm C.
Gi/2 | AD 10,61 | 737 | 1.181|1.181 | 0.221 | 0,221 | 243 | =32
G1/3 | 10,50 | " | 1.070|1.118 | 0.201 | 0,211 | 220 1| =3
Gi/u | v 10,30 | 0,826 | = |0.155 | 166 | =66
Gl/5 | * 10,35 | * - |o091a| - |o0.727] 180 | -46
G1/6 " 10.33 " 1,245 | « 10,243 | 269 | =20
G1/7 " 10,40 " - 1,448 | - (0,292 | - +21
Gi/s | ™ 10,12 | - |1.205] - |o.261| - | 419
G2/t | 450/50 10,71 | 745 | 0.890 | 1,020 | 0,159 | 0.185 | 263 | -6
G2/2 | " 10,17 " 1,081 | - Jo0.208 | 225 | -22
G2/3 " 10,38 ", 0,914 - 0.171 | 194 =32
ge/u | " 10,51 " 1,143 | - 0,216 | 238 | -38
ae/s | ™ 10,48 | " 0,395 | = |0.06187| 56 | =65
63/1 | 500/50  [11.00 | 733 1359 | - [o.2sk| - | =30
G3/2 | " 1035 | " |1.070 |1.143 0,206 {0,221 | - |5
G3/3| " . 1033 | - |o9m0| -« |o0.78| - =40
a3/ | " 10.36 | " | o0.202|0.508 |0.040% 0,086 | - |64
63/5 | " 10,54 | " | 1,072 |1.245 | 0,200} 0,236 | - | =20
G4/1 | 550/50 10,58 | 721 1,245 | - 0,235 | - =33
Gyf2 | " 10,45 " - 11,270 = 0,245 - )
G4/3 " 10,66 " - 11,270 - 0,238 = =35
Ga/u | v 10,19 | 1.597| - |o.2st| - |-21
aa/5 | v 10,66 | ® - lo673| - |o.207| - | -66
x -~ Pop in, z = 577 mm,

% = Fracture on a rising load curve.' Ap - As deposited
1 mn/min strain rates

t - J value at initiation,

Table 10 3 COD and J results for Linde 120,




¥ = Fracture on a rising load curve, AD - As deposited

' J value at initiation,

1 mm/min strain rate.

Table 11 3 COD and J results for AX 140,

Spec Temp/Time| Craclk o, V,m (V. m |8, mn |8 mm| J .| Test
°C/Hour| Length M /m2 KNim/m"| Temp
a m C .
E1/1 AD 9.76 | 892 | 0,648 | 0,648 | 0,121 |0,121 | 143 | =5
E1/2 " 10,13 | " | 0.229 {0,470 | 0,025%| 0,076 | 79 | =74
E1/3 i 9.82 " | 0.559 | 0.635 | 0,100 {0,117 | 114t | =39
E1/4 z 10,25 | ® - |o.622| - {0,207 | 124 | -18
£1/5 " 9.90 | " |o0.4320.673|0.070%| 0,126 | 138 | -16
£1/6 " 9.91 | - lo.ssw0} < |o0.005"| 99 | -64
E2/7 " 10,08 | " | 0,660 |0.,660 |0.118 |0,118"| 137 | =31
E1/8 L/ 10,92 " - 0,725 | = 0,117 | 143 | 420
£1/9 " 10,39 | " | 04635 |0.647 | 0.108 |0.110 | 156 | +20
|e2/3 | us50/50 |10,08 | 871 | - 0,559 | - |0.097 | - | 420
ro/k " 10,03 | * |o.508 {0,711 [0.086 {0,151 - | -2
r2/5 | 10,05 | " |o.432 |0.457 [0.069 [0,0757| - | -29
£2/6 " 9.87 | " |o0.318 |0.318 [0.045 |0.045 | - | -u1
E2/8 " 9.62 | " |o.u19 0,419 0,07t [0,071| - | -18
en/1 | 550750 | 9.86 | 8035 |0.267 |0.267 |0.036 |0.036" | 33t | -8
les /2 " 9.90 | * - o8| - [o.ou7"| & | -19
E4/3 y 9.99 | " |0.356 |0.406 |0.055%|0.066 | .62 | =31
Eafu | 9.92 | " |0.165 [0.32% |0.015%|0.058 | 41 | -ko
Bs/5 | " 10,00 | " |o.25% |0.495 [0.032%|0.086 | 87 | -19
/10 " 9,60 " - 0,361 - 0.059* 52 +7
V708 I PU XS I - o300 | - |o.ou2"| 35 | -2
f2| 0.37 | * - low30| - Jo.078"| 7 | -1
x - Pop in, z = 5,77 mm,
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Code|

A T 68 20 =66 =37 =18 2 -1 =79 41 =50
E 171 141 27 42 97 102 119 26 156 78
B T 70 20 ~66 =37 =18 <2 =79 l41- =50
E 152 150 49 111 134 123 39 154 32
C T 74 20 =66 =37 =18 2 -77 i =50
E 164 137 21 82 84 128 24 144 43
D |T 72 20 66 <35 =17 =2 =79 41
| E 116 89 24 52 62 79 16 128
E T 18 «76 =60 .=39 20 1 =30 40
E 79 16 16 37 L8 56 28 85
F |T 18 -76 =60 =40 <20 1 ~30 40
E 42 6 8 12 25 40 20 52
G T 69 20 =66 =34 -18 -2 =77
E 151 92 o4 3k 59 70 19
H T 70 20 -66 =37 =18 78 40 ;56
E 297 246 98 235 228 45 241 208
I T 76 42 =70 =55 =30 «9 9
E 164 160 52 92 109 135 132
J |T 79 42 <69 <55 <29 -9 9
E 168 166 48 66 105 137 132 °
K T 75 43 =72 =55 =30 =9 9
E 159 157 - 37 51 .. 85 - 116 118
L |T 78 '43 =72 54 =30 =9 9
E 152 137 32 4 78 112 105
M |T 18 =76 =-60 <40 -20 1
E 148 52 72 107 106 146
N T 18 ;76 =60 =40 =20 2
E 144 48 78 78 93 128
0 T 81 43 =72 =55 =30 =9 9
E 168 182 53 96 136 158 160
P T 80 L3 70 =52 <30 10 9
E 177 162 54 76 75 155 185
G1S | T 17 «16 <62 <90 =50 =39 =25 1
E 141 110 64 26 74 94 102 117
G2S | T 17 «16 =62 <90 <50 =39 =25 1
E 124 78 L0 28 60 70 98 130
Q |T 72 42 -1 53 53 =30 =30 10 -10 9 9
, E 117 130 30 4% 46 8 72 8% 80 90 86
R T 73 42 =70 =54 <29 <9 9
E 130 104 30 59 76 9% . 101

Table 14 ; Continued overleaf,




SIT 75 4 0 255 -29 -9 g9
E 9% 114 49 33 75 77 85
T | T 76 4 <71 <53 <29 -9 9
E 112 74 20 25 42 67 80
U T 18 =76 =60 39 =20 2
E 106 26 58 60 97 99
v T 18 =76 60 =39 220 1 -30
E 59 20 22 28 50 53 37
W T B8 4 <71 255 <30 -9 9
E 150 147 48 63 134 124 131
X 69. 4 =70 -5 29 -9 9

164 162 51 80 94 152 165

E1 20 6 =2 22 232 4k 50 =55 =66

105 108 112 86 80 - 52 46 36 32

20 4 ~14 & <2Lh 235 o58 65 48
98 100 62 86 61 52 4O 34 44

17 2 ~20 80 =60 <40 =30 10
79 60 61 18 4 56 68 60

E1S

17 2 -20 -80° <60 =40 =30
92 68 60 16 45 26  4b

HE HHE HSE HAE HAS

Table 14 ; Individual Charpy energy absorbed values E (joules) at
temperature TOC. Specimen codes and heat treatments given
in tables 5,6 and7, . '



High _ Transformation temperature Llow

High
Decreasing polygonal ferrite Martensit
and upper bainite " formation [
g’ {ow(]
g About 907,
o acicular ferrife
g HighC
8
QL
@
Low

Increase in acicuar ferrite and yield strength ——s~

Figure 1 Schematic diagram showing relationship between microstructure
and cleavage resistance., (18).
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Figure 2 [Effect of heat treatment on the Charpy V 15 ft - 1b (20 J)
transition and hardness (Rockwell C) of a 0,06%C, 1.5%Ni,
0.58%Mo, 0,26%V weld metal. (31).

1204 As deposited
; — — 1 hour 550°C
Tt 650°C
g0l 1 hour 65
Energy

Absorbed B
Joules., 4oL

-60 =20 20 60 .
Temp..c

Figure 3 Effect of post weld heat treatment on the Charpy impact
' properties of Bostrand 31 weld metal deposited with Encrex
2/102 flux (Basicity 2.3). (33).
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Figure 4 The influence of vanadium on Charpy impact properties of weld

metal deposited using a basic flux, in the as deposited
condition and after stress relief at 580 to 620°C for 1 hour(23)
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Figure 5 As for Figure 4 with an amphoteric flux being used instead of
a basic flux. (23)
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Figure 6 Schematic diagram showing the various metallurgical changes that
can take place during stress relieving post weld heat treatments.
(18)0 i
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Figure 7 C = curve behaviour of a 0.26%C, 0.66%Mn, 3.53%Ni, 0.84%Cr,
.0,026% P steel showing the decrease in impact energy after
heat treatment in the temper embrittlement range. (41).
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Figure 8 Effect of impurity factor X and Mn + Si on the Charpy energy
absorbed at -46°C for a 2% Cr - 1 Mo manual metal arc weld
metal after a step age embrittling treatment. (55).
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Figure 9 Results of drop weight tear tests cn 5lmm. thick manual metal
arc, submerged arc and MIG weld metals., Shaded area shows
desired operating temperature range which coincides with the
energy transition range. (2). '
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Figure 11  Plate preparation for all full penetration butt welds used.
The macro is a section through a completed AX140 weld.



il I

Full size

d

B | Normal

«—B" Series

Half size

Figure 12 Specimen location of all Charpy and COD specimens., The:
orientation of the "B" series is also shown. ‘



Figure 13

Half Charpy specimen with the notch running down the left-
hand side. This figure shows the possible variation in °
structure at the notch tip. The notch passes through

approximately 30% refined structure while at A the % - -

refined structure increases and at B it decreases. X 5.
2% Nltal a

i
LJI

Figure.lu

Principal dimensions of the COD specimens. . The ﬁotchﬁroot
radius was less than O.lmm. and contalned a fatlgue crack
giving a total crack length of 10mm.
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20 Figure 17
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i 'm - ,
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Z g
= 8L Potentiol.Clip gauge opening{ X E
©
9 1
3 420 3
Li. -10 -5-
£
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0 i 1 1 1 1 L 1
0 0.25 05 . 0.75 1.0 " 1.28 15
b Clip gauge opening mm
20 Figure 18
Specimen G1/3 Linde120 ~
16 - .
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420 E
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3
s o
o
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0 0.25 05 0.75 1.0 1.25 1.5 1.75 ¢ 2.0
Clip gauge cpening mm. : B
§
Figures 17 and 18

Clip gauge opening V- versus load P and potential drop
across crack for Linde 120, AX140 (E1/3, Figure '17)
and (G1/3, Figure 18) as dGDOSlted weldimetals, : Note °
small doubled inflectmon in potential trace for G1/3
and large inflection for BEl/3,
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Figure 20 The variation of hardness with treatment temperature after
1 and 50 hours.
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Figure 21 The variation of yield strength with treatment temperature
after 1 and 50 hours, As deposited Bostrand 31 (3,15 KJ/mm)
and 550°C = 50 hours results included with 1,18 KJ/mm results,
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Figure 25 The variation of the 55 joule energy absorbed temperature
(TSS ) with treatment temperature after 1 hour and 50 hours.
The gars indicate 90% confidence limits. Note severe
embrittlement in the 450 - 550°C- range. '
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Figure 28 . The variation of the 55 joule energy.absorbed temperature
(T55 ) with treatment temperature after 1 hour and 50 hours,
The gar's indicate 90% confidencerlimits.
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Figure 31 Variation of the 55 joule energy absorbed temperature with
treatment temperature ('I'5 J) after 1 hour and 50 hours, The
bars indicate the 90% congldence limits, Note embrittlement
at 450 and 550°C after 50 hours.
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A ® AX 140 550°C WwQ

o » " 100°C/HOUR
A m LINDE 120 550°C W@
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1 1 1 1 1 L 1

1 2 5 10 20 50 100
TREATMENT TIME HOURS

The variation of the 55 joule energy absorbed temperature
with treatment time and cooling rate for AX140 and Linde 120
heat treated at 550°C., The bars indicate the 90% confidence
limits. The figure shows that embrittlement of AX140
increases with time and decreasing cooling rate,
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Figure 36

o Sm A.D.'

O SI A.D.

x 6 B SERIES AD.

g 550 C - 50 HOUR

-60  -40  -20 0 20
TEST TEMPERATURE °C

The variation of COD (§_ and §,) with testing temperature
for Bostrand 31 (1.18 KJ/mm) ifi the as deposited condition
(A.D) and after 50 hours at 550°C. The as deposited
(transverse) notch results ®series) are also included.

The figure shows the reduction in COD caused by heat treat-
ment, Arrows indicate values used in the defect tolerance
calculations. :
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The variation of COD (§_ and §,) with test temperature for

Bostrand 31 (3,15 KJ/mm) in thd as deposited condition (A.D)
and after 50 hours at 550°C showing the reduction in COD
caused by heat treatment. Arrows indicate the values used
in the defect tolerance calculations. ’
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coD (61 and Gm) versus test temperature for Linde 120 in the
as dep051ted condition (A.D) and after 50 hours at 450, 500
The figure shows that any embrittlement due to
The arrow indicates the value

and 550° C.

heat treatment is minimal,
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used in the defect tolerance .calculations.
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coD (8, and § ) versus test temperature for AX140 in the as,
deposi%ed condition (A.D) and after 50 hours at 550°C,

Note the low temperature dependence and the reduction of
COD caused by heat treatment. Arrows indicate the values
used in the defect tolerance calculations.
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Figure 42 Columnar grains containing acicular ferrite and outlined
: by proeutectoid ferrite in Bostrand 31 (3,15 KJ/mm).
2% Nital. X 200.

Figure 43 Acicular ferrite and a band of proeutectoid ferrite in
Bostrand 31 (3.15 KJ/mm). 2% Nital. X 600.



Figufe 44  Acicular ferrite and proeutectoid ferrite on columnar grain
- boundaries in Bostrand 31 (1.18 KJ/mm). 2% Nital. X 600.
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Figure 45 Acicular ferrite and proeutectoid ferrite showing a tendency
towards ferrite side plates in Bostrand 31 (3.15 KJ/mm).
2% Nital, X 600,



Figure 46

Figure 47
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extraction replica.
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Plane ; : ‘Measured | _ FeSC(Ref 93)
210 2,069 . 24067
022 2,040 2,031
012 ‘ 1,770 1.762

Figure 48 Cementite diffraction pattern of Iﬁarticlgs in Figure u7.



Figure 49  Acicular ferrite with prior austenite grain boundary

running down the right-hand side in as deposited Bostrand 31
(1.18 KJ/mm). Thin foil.

Pigure 50 Lath type structure in as deposited Bostrand 31 (1.18 KJ/mm).
: Thin foil.



Figure 51

Figure .52

Lath type structure in as deposited Bostrand 31 (3.15 KJ/mm).
Thin foil,

Parallel ferrite grains growing from a prior austenite
boundary. Acicular ferrite to left of boundary. Dark band
at right centre possibly martensite. Bostrand 31

(3.15 KJ/mm), as deposited, thin foil.
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Figure 53 Diffraction pattern from large grain on upper right cf

Figure 52. Solution suggests a small amount of
tetragonality.



Figure 54 Lath structure in as deposited Bostrand 31 (3.15 KJ/mm).
Diffraction pattern in Figure 55 taken from the dark band
indicated by the arrow. Thin foil.
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Figure 55 Diffraction pattern from dark band shown in Figure 55. -
: - showing ferrite spots [110] zone and a VyCa [111] zone..
The indices of the vucs poles are underlined. '



Figure 56  Apparent V,C, precipitate in as deposited Bostrand 31
(3.15 KJ/mm). Thin foil.
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Figure 57 Cleavage cracks in as deposited Bostrand 31 (3.15 KJ/mm).
White areas are acicular ferrite and dark areas are
martensite. Cracks A and B possibly associated with the
martensite - see text, page 95 . u% Picral. X 600.



Figure 58 As deposited Linde 120 showing acicular ferrite and some
proeutectoid ferrite decorating prior austenite grain
boundaries. 2% Nital. X 600.

Figure 59 As deposited Linde 120 showing acicular ferrite with small
islands of martensite (darker areas). Shadowed extraction
replica. '
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As deposited AX140 showing totally martensitic structure

Figure 60 | y "
and prior austenite grain boundaries. 2% Nital, X 600.

Figure 61 As deposited AX140 showing lath mar?ensite %n clearly
defined colonies. Shadowed extraction replica.



Figure 62 AX140 heat treated at 650°C for 50 hours. Lath structupe
persists indicating effective grain boundary pinning by
carbides. The rounded lumps are inclusions, Thin foil.

Figure 63 S.E.M. of as deposited Bostrand 31 (1,18 KJ/mm) COD
fracture surface. *Note rumpled appearance typical of all
as deposited upper shelf fractures in each weld metal.
Specimen D1/2. X 120.



Figure 64 S.E.M. of as deposited Bostrand 31 showing microvoid
coalescence, Specimen D1/2. X 550,

Figure 65 S.E.M. of Bostrand 31 (1.18 KJ/mm) treated at 550°C for
50 hours showing extensive cleavage. Note fatigue crack
tip at lower right. Specimen D4/6., X 120.



Figure 66 Close up of Figure 65 showing cleava

ge and mi
coalescence., X 600, . lcr-ov?%d

Figure 67 Cleavage in Bostrand 31 treated at 550°C for 50 hours and
fractured at -6°C. Specimen D4/2, X 1300.



Fipure 68 Very fine V4C3 precipitates in acicular ferrite with coarser
V4C3 an acicular ferrite grain boundaries. Bostrand 31
treated at 700 C for 10 hours. Extraction replica.

Figure 69 Fine matrix precipitates of V,Cj and coarser precipitates
possibly caused by growth of V4C3 in martensite islands.
Bostrand 31 treated at 700°C for 10 hours. Extraction
replica.
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1111 . - 2396 2.2

2 002 0 2066 2,080

3 022 1465 © . - - 147

¥ 113 1,261 © . 1.954

5 222 . | 1,205 1,201

6

00k - 1,045 . 1.040

Figure 70 Ring diffraction pattern of v,C particles shown in
Figure 69. Fine matrix precipi%ates contributed to
the pattern as well as the coarser particles.



Figure 71 S.E.M. of as deposited AX140 fractured in upper shelf range
and showing microvoid coalescence, Specimen E1/1. X 550.

Figure 72 S.E.M. of as deposited AX140 fractured at -64°¢ showing mixed
cleavage and microvoid coalescence. Specimen E1/6. X 550.



Figure 73 S.E.M. of AX140 heat treated at 550°C for S0 hours showing
smooth decohesion along prior austenite columnar grain
boundaries. Specimen E4/1. X 120,

Figure 74 S.E6H. of intergranular decohesion in AX140 heat treated at
350°C for 50 hours. Specimen E4/5, X 220.
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Figure 75 Intergranular fracture path along prior austenite grain
boundaries in AX140 heat treated at 550°C for 50 hours.
Ductile tearing has linked individual cracks at left
centre. Uu4% Picral. X 150.

Figure 76 S.E.M. of prior austenite boundary fracture surface showing
holes associated with inclusion pull out and some surface
tears. AX140 - 550°C - 50 hours. X 2700,



Figure 77 S.E.M.oof AX140 heat treated 550°C for 10 hours and cooled
at 100°C/hour, showing intergranular decohesion along

prior austenite grain boundaries,

X 130, .
fractured at 2°C. Charpy 5pec1@en

Figure 78 Close up of area in Figure 77 showing intergranular failure
and some microvoid coalescence. X 650. Y
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Figure 79 Carbides in AX140 heat treated at 650°¢C for 50 hours. Note
concentration of M02C needles in centre right and
association of coarser, more rounded Fe C and M7C3 with

lath boundaries. Extraction replica,

’
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d specings A

Plané Measured Mo,C(Ret 93)
10.0 2,595 2,600
11,0 1,48 . 1.501
21.0 | 0.98 0 .'983
22,0 0.75 0,750

' Figure 80 Mo,C diffraction pattern taken from a carbide needle in
Figure 79. -
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220 | 3,756 - L 3.5

311 3,203 3,203
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'I‘igure 81 M 2Cs diffraction pattern taken from a coarse carbide in
- Figure 79. . " ’ '
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] d spacings A
. Plane Measured ) M703 (Ref 93)
001 1*.1397 &;50’6
230 2,770 2,777
231 2,344 2,364
002 2,248 2,253
232 - 1,736 Co 1,750
460 1,385 ;.389
L61 1,319 1.327

462 1.172 ' 1,182

'_ Figure 84 M703 diffraction pattern from a gpaln boundary carbide
shown in Figure 83. :
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Figure 85 Fe,C diffraction pattern from a grain boundary carbide in
Figure 83,
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Carbide constitution diagram for 0.12%C, 0.5%Mn, 0.5%Si
steels with varying Cr and o contents, heat treated at
650°C for 1000 hours (from Andrews et al., (98)).
Composition of Linde 120 (G) and AX140 (E) included.
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Figure 87 S.E.M. of as deposited Linde 120 showing microvoid
coalescence. Specimen Gl1/2. X 550,

Figure 88 S.E.M. of Linde 120 heat treated at 550°C for 50 hours and
fractured at -66°C., Mixed intergranular fracture and
microvoid coalescence. Specimen G4/5, X 120.



Figure 89 S.E.M. of Linge 120 heat treated at 550°C fop 10 hours and
cooled at 100°C/hour showing tendency toward intergranular
fracture. Charpy specimen fractured at -16%°%, x 130.

8 3 0 PO v
Fee N

Figure 90 Close up of Figure 89 showing microvoid coalescence and
cleavage (upper left). X 550.



Figure 91 Close up of Figure 89 showing smooth intergranular
decohesion along prior austenite grain boundaries and
cleavage. X 600,

Figure 92 Same specimen as Figure 89 showing junction between
columnar region, which has fractured by microvoid coal-
escence, cleavage and intergranular separation, and refined
zone which has fractured by microvoid coalescence., ¥ 240.



Figure 93 Detail of Figure 90. The particle in the centre was

analysed by X-ray dispersive analysis and the trace is
shown in Figure S4. X 6500

e

Count§ x103

1 2 3 4 5 6 7 8 9 x10°e

Figure 9% X-ray dispersive analysis trace of particle in Figure 93
indicating the presence of Al, Si, Mn and Fe, and
showing that the particle is an inclusion.
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Carbides in Linde 120 heat treated at 650°C for 50 hours.
C needles while larger rounded

Note concentrations of Mo

Figure 95

2

particles of Fe,C are more evenly dispersed.



d spacings A

Plane _ Measured _ Mo2C(Ref 93)
1 01,0 2,597 ' 2,600
2 00,2 2,359 2.362
3 01,1 12,278 2,278
5 11,0 1,485 ‘ 1.510
5 02,0 1,296 1.300
6 02,1 1,250 T 1,253
7 0045 0,948 ,  0.945-

Figure 96 Ring pattern of MoQC taken from Figure 95,
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d spacings A

Plane ‘Measured ' FeC(Ref 93)
1. 100 4540 L5204
2, 020 2,548 2,544
3, 200 2,270 2,262
4, 120 2,002 2,218
5. 220 1,695 _ 1,691
6, 040 . 1,274 1,272
7. 140 1,227 | 1,225
8. 240 1,111 1,109

Figure 97 Fe C diffraction pattern taken from Figure 95,
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Figure 98 Carbide distribution in Linde 120 heat treated at 550°C
for 50 hours.
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Figure 99 Intensity of secondary hardening versus alloy content for
vanadium and molybdenum (after Irvine and Pickering (105)).



Figure 100 COD fracture surface of AX140 heat treated at 550°C for
SO hours. Note two bands of brittle intergranular fracture
_ with more ductile region in the centre and shear lips at
each surface.
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Figure 101 Critical crack length as a function of residual stress
- levels remaining after heat treatment for Bostrand 31 and
AX140, The calculations are based on equations ivandvyi
in section 5.%4,2, D1 and El are the as deposited defect
tolerances of Bostrand 31 and AX140 respectively, 10la -
COD design equation. 10lb - J design equation,
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Figﬁre 102 Residual stress levels remaining after heat treatment for

6 hours. Original residual stress assuned to be of yield
strength level (after Rosenstein (21)),
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Comparison of critical crack sizes (from wide plate tests)
and allowable crack sizes predicted by the COD design

equation (a
conservat J.Ve

s showing the design equation
t‘after' Dawes (102)).
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